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isotopically enriched cBN now takes its place 
as one of the highest thermal conductivity 
materials in existence.

Impressively, the relatively simple 
criteria set by Slack are still applicable 
for most non-metallic solids as shown in 
Fig. 1a, where we plot κ as a function of 
!Mδθ3
I

 (where !M
I

 is the average mass, δ3 
is the average volume and θ is the Debye 
temperature). The factor !Mδθ3

I
 maximizes 

for strongly bonded crystals with light 
atoms, and is able to fairly replicate 
measurements of κ. However, this scaling 
fails to describe κ of high-quality crystals of 
BAs, where higher order phonon scattering 
mechanisms (Fig. 1b) and the limited phase 
space for phonon–phonon scattering need 
to be considered2. The scaling also fails to 
predict κ for natural cBN, where observed 
κ falls below the line due to substantial 
contributions from resistive phonon–
impurity scattering (Fig. 1c)1.

We can thus apply insight from 
first-principles calculations to analyse the 
necessary phonon scattering mechanisms 
responsible for ultrahigh thermal 
conductivity. For BAs, heavier As atoms 
dictate the motion of the acoustic phonons 
that carry most of the heat. As such, the 
more isotopically homogeneous As atoms 
only weakly scatter with the isotope defects 
from the lighter boron atoms that dictate 
the shorter wavelength and more dispersive 
optical modes2. Therefore, the thermal 
conductivities of isotopically enriched and 
natural BAs samples are comparable (see 
Fig. 1a). In contrast, due to the similarity 
in B and N masses, the inclusion of natural 

isotopes in cBN crystals can have a drastic 
effect on κBN as compared with higher order 
anharmonic processes (Fig. 1c). Taken 
together, κ of isotope-enriched cBN could 
potentially surpass κ of BAs (Fig. 1d).

To validate these theories, Chen et al. 
used pump–probe thermoreflectance 
techniques to measure the thermal 
conductivity of synthetic crystals of cBN 
with natural and controlled abundance of 
boron isotopes from 250 K to 500 K. Their 
results showed that the rate of decrease 
in thermal conductivity with temperature 
for cBN is similar to diamond, but slower 
than BAs. For ideal crystals, a faster rate 
of decrease of thermal conductivity with 
temperature suggests a stronger role of the 
higher order scattering processes, as was 
corroborated by first-principles calculations 
that show weak higher order anharmonic 
processes in cBN, in contrast to BAs where 
four-phonon processes play a vital role. 
Their calculations also showed that the 
combination of large relative mass difference 
in boron isotopes (resulting in a strong 
isotope effect) and weaker anharmonic 
phonon scattering processes leads to 
ultrahigh κ in cBN.

For over 65 years, finding a heat 
conductor to rival diamond has proven 
daunting. However, Chen et al. show that 
high-quality crystals of cBN can possess 
comparable thermal conductivities,  
of ∼1,600 W m−1 K−1 at room temperature. 
While isotope enrichment can minimize 
resistive phonon scattering processes, 
intrinsic phonon transport properties are 
ultimately governed by atomic masses 

and the stiffness of chemical bonds. The 
discovery of materials with bond strengths 
similar to diamond, combined with well 
prescribed phonon–isotope scattering 
processes, could present another mechanism 
to achieve ultrahigh-thermal-conductivity 
materials. Tuning of interatomic bonds 
by external stimuli could enable changes 
in phonon scattering rates and velocities, 
and so increase thermal conductivity. 
Additionally, with anticipated challenges 
in the heterogeneous integration of these 
high-thermal-conductivity materials into 
composites and devices — a well-known 
issue for diamond — the ability to create 
dynamically tunable thermal properties 
in easily integrated materials could offer 
a solution to the implementation of these 
ultrahigh-thermal-conductivity materials in 
thin films and interfaces.

The realization of ultrahigh thermal 
conductivity in cBN represents the 
collaborative efforts of scientists and 
engineers with a range of expertise. This 
discovery was a result of designing a 
material with an end goal of achieving 
a desired thermal property, as opposed 
to the thermal property being evaluated 
after designing the material for another 
functionality. This ‘thermal-first’ material 
development is a necessary charge to push 
the limits of thermal sciences and discover 
unrealized thermophysical processes. 
While Slack’s predictions provide us with 
a blueprint for relatively simple material 
systems, there is a periodic table worth of 
opportunities for thermal-first material 
development of complex systems, which 
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Fig. 1 | Thermal conductivity scaling with strength of bonding and average mass in crystal, and the role of different phonon scattering processes in 
boron-containing materials. a, Room-temperature thermal conductivity versus the Slack scaling parameter for GaAs (ref. 7), Ge (ref. 8), GaN (ref. 9),  
Si (ref. 10), diamond (ref. 11), SiC (ref. 9), BeO (ref. 12), AlN (ref. 12), BAs (ref. 5), and cBN (refs. 1,6). Dashed line represents the equation from Slack. b–d, 
Schematics describing the phonon scattering mechanisms in crystals of natural and isotopically enriched BAs with a thermal conductivity of ~1,200 W m−1 K−1 
(b), natural cBN with a thermal conductivity of ~850 W m−1 K−1 (c) and isotope-enriched cBN with a thermal conductivity of ~1,600 W m−1 K−1 (d). Phonon–
isotope scattering can significantly affect the thermal conductivity of cBN, whereas it has negligible influence on BAs due to large mass-mismatch between the 
atomic constituents in BAs. Similarly, four-phonon processes are important for natural and isotopically enriched BAs, while three-phonon scattering dominates 
the thermal conductivity of isotopically enriched cBN, with negligible influence from four-phonon processes.

• What makes a high k material?
• Slack Criteria:

• Strong bonds
• Light masses
• Small unit cell
• Minimize defects!

“The Slack parameter”
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But remarkable thermal functionality!

value agrees with the soft TO mode frequency at low T,6–8

indicating the important role of soft TO mode in resonantly
scattering the heat-carrying acoustic phonons.6–8

Previous ! measurements on a multidomain BaTiO3
crystal !Ref. 5" showed an unusual d! /dT"0 behavior in
the cubic phase !T"400 K", which was followed by a dip at
the cubic to tetragonal FE transition and the usual d! /dT
#0 behavior in the FE phase. Interestingly, similar behavior
is observed in hydrogen-bonded ferroelectrics such as
KH2PO4,12 where the crossover from d! /dT"0 to d! /dT
#0 has been attributed to the order-disorder nature of the
transition. Moreover, the previous result on BaTiO3 showed
a successive increase in ! at lower transitions,5 which is
compatible with the order-disorder “eight-site” displacement
model,11,12 where the sequence of transitions is explained by
the successive ordering of the Ti atoms !or Nb atoms in
KNbO3".13 On the other hand, the present results on BaTiO3
and KNbO3 crystals, which were single domain in the tetrag-
onal and orthorhombic phase, respectively, show that the
anomalies at the transitions are strongly anisotropic and
much more complex. Figure 2 shows the results for the di-
rection of heat flow either perpendicular or parallel to the FE

c axis of the tetragonal structure for BaTiO3, and parallel to
the b axis of the orthorhombic structure for KNbO3. For the
latter two measurements, the results obtained on both the
cooling and heating directions are shown in Fig. 2, and the
results on cooling direction are duplicated in Fig. 1. A large
jump in ! is found at the orthorhombic to rhombohedral
transition in both compounds, which shows hysteresis be-
tween the heating and cooling directions. A smaller step is
found at the tetragonal to orthorhombic transition in BaTiO3.
Strikingly, the results for the different heat flow directions in
BaTiO3 show the opposite direction of jump !up or down" at
both transitions, indicating that the previous results on the
multidomain crystal5 reflect the average of different crystal-
lographic directions. Since multiple domains are also ex-
pected in the low-T phases for the present crystals, it is dif-
ficult to correlate the ! jumps directly with the polarization.
Nevertheless, the present results clearly show that ! is a
sensitive probe to study anisotropy in structural transitions,
provided that single-domain crystals of appropriate dimen-
sions are available.

The ! of PMN and NaNbO3 are much smaller than in
other perovskites, and show features of amorphous
materials,14 as illustrated in Fig. 1, through comparison with
amorphous silica !a-SiO2".15 At the lowest T!#1 K", ! of
amorphous solids varies as T2, due to the scattering from
broad distribution of two-level systems. This is followed by a
plateau at #5–20 K, and another increase at higher T. Pre-
vious ! measurements9,10 on PMN from 0.2 to 100 K
showed the T2 dependence in the lowest T region, and a
plateau at #10 K which is in good agreement with the
present result. The present result furthermore shows that the
strong resemblance to the a-SiO2 data continues up to room
temperature. The glasslike behavior in PMN can be attrib-
uted to the presence of polar nanoregions, where a broad
distribution of barrier heights against local polarization is
expected to emerge.10

The glasslike behavior in NaNbO3 is more surprising,
considering that it is a stoichiometric compound with no
compositional disorder. In order to characterize the low-T
properties in more detail, we now turn to the Cp measure-
ments.

The Cp data for PbTiO3, PMN, and NaNbO3 are plotted
as Cp /T3 versus T in Fig. 3. The result for PbTiO3 shows the

1 10 100

0.1

1

10

T (K)

κ
(W

m
-1
K

-1
)

a-SiO2

Pb(Mg1/3Nb2/3)O3

NaNbO3

PbTiO3

KNbO3

KTaO3

BaTiO3
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FIG. 2. Thermal conductivity of BaTiO3 and KNbO3 plotted in linear
scales. For BaTiO3, the data taken with the heat flow along the ab plane and
c axis of the tetragonal structure, respectively, are shown. For BaTiO3 $c, the
measurements for the cooling and heating directions were taken on two
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FIG. 3. The heat capacity divided by T3 for PMN, PbTiO3, and NaNbO3.
The inset shows the data in Cp /T vs T2. The lines show the fit to the data, as
discussed in the text.
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ABSTRACT: Dynamic control of thermal transport in solid-
state systems is a transformative capability with the promise to
propel technologies including phononic logic, thermal manage-
ment, and energy harvesting. A solid-state solution to rapidly
manipulate phonons has escaped the scientific community. We
demonstrate active and reversible tuning of thermal conductivity
by manipulating the nanoscale ferroelastic domain structure of a
Pb(Zr0.3Ti0.7)O3 film with applied electric fields. With subsecond
response times, the room-temperature thermal conductivity was modulated by 11%.
KEYWORDS: Thermal conductivity, tunable, time domain thermoreflectance, ferroelectric, nano domain

Dynamically regulating phonon transport in solids enables
possibilities of thermal energy control, new computing

mechanisms utilizing phonons, and a novel means to control
phonon-coupled waves and particles such as polaritons and
polarons.1,2 Tuning phonon transport over a broad temperature
range in a single solid-state device provides the largest
technological and scientific impact. Prior to the present study,
however, a solid-state solution to rapidly manipulate phonons
has remained elusive. For example, solid-state thermal
rectification at room temperature has been demonstrated,3

but switching, gating, or dynamic tuning elements have escaped
the scientific community. While it is possible to alter thermal
conductivity through phase transitions,4,5 chemical composition
modification,6 and cryogenically applied magnetic or electric
fields,7−11 none of these prior demonstrations provide a
response that is sufficiently swift and facile for implementation
across a wide-ranging application landscape. For example, in
conventional ferroelectrics, mobile coherent interfaces, the
ferroelastic domain walls, will scatter heat-carrying phonons, an
effect that has previously been attributed to an acoustic
mismatch across the interface,10,12 but also likely has a
significant strain13 and accompanying decreased phonon
relaxation time contribution.14 Reconfiguring the domain
walls with an electric field will alter the thermal conductivity,
as was demonstrated in bulk, single crystalline barium titanate
where thermal conductivity values increased by a factor of 5
after application of an electric field.10 However, this effect was
only present up to the temperature where Umklapp scattering

became the dominant phonon scattering mechanism (∼30 K)
and heretofore was limited to cryogenic temperature regimes.
If properly engineered, mobile phonon scattering interfaces

would allow for tuning across much broader temperature
ranges. To actively and practically achieve this goal requires the
domain wall spacing to be comparable to or less than the
phonon mean free path. Phonon mean free paths are known to
be spectral and therefore have many wavelengths carrying
thermal energy15−18 but for a complex oxide it can be
anticipated that most of these heat-carrying modes have
lengths less than 100 nm at room temperature.19−22 Decreasing
domain wall spacing to this dimension requires scaling of the
ferroelectric crystal size to increase domain wall density and
decrease interface spacing to less than this dimension, which
can be achieved in a thin film embodiment. Recently, we
demonstrated that 30 nm thick epitaxial films of ferroelectric
BiFeO3 with differing densities of 71° domain walls showed
∼30% differences in thermal conductivity at temperatures up to
400 K, indicating domain wall phonon scattering effects may be
observed at noncryogenic temperatures.23 Reconfiguring the
nanoscale domain structure and domain wall density with an
applied field would allow the creation of a simple and integrable
thermal switch that could operate over a broad temperature
range. This requires a material system and embodiment where
the domain structure can be reconfigured. In this Letter, we
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can be periodically decreased by nearly 10%. On the other hand,
upon applying optical heating using a laser with a spot size of 12
μm in diameter, the PZO thermal conductivity increases by nearly
25%. Figure 5c, d show this transition is repeatable for a number
of cycles. Although switching thermal conductivity using electric
field shows some drift from one cycle to another, we attribute this
to the existence of a small sensitivity to the film thermal
conductivity rather than inherent changes in the film due to
cycling or due to different domain structures upon each field
cycle. On the other hand, we observe a small decay in thermal
conductivity of PZO as well as reflectivity signal after multiple
switching cycles with the laser source, which is attributed to
gradual degradation in the SRO transducer due to heating cycles.
In Supplementary Note 4 we provide an estimated temperature
rise on the surface of SRO using previously developed models.

In summary, we demonstrated the thermal conductivity of
antiferroelectric PZO can be bidirectionally switched by −10%
and +25% upon application of electric field and thermal
excitation, respectively. Similar to ferroelectric materials where
the application of electric field increases the domain-wall density
and reduces the thermal conductivity, we observe that the thermal
conductivity of antiferroelectric PZO decreases upon applying
an electrical bias across the sample. Furthermore, we take
advantage of PZO’s relatively low Curie temperature (220 °C)
and, using optical heating, we induce the orthorhombic to cubic
phase transition, resulting in higher crystal symmetry and
increased thermal conductivity in PZO. According to our results,
the net thermal conductivity switching ratio that can be
obtained in PZO is around 38%.

Methods
Chemical solution deposition (CSD). Polycrystalline PbZrO3 films were prepared
by chemical solution deposition using an inverted mixing order chemistry41. The
solution comprised zirconium butoxide (80 wt.% in butanol, Sigma Aldrich), lead
(IV) acetate (Sigma Aldrich), methanol, and acetic acid. A 0.35 M solution was
used with 35 mol% excess Pb to account for loss to the substrate and atmosphere
during high-temperature annealing. The PZO film was coated on a 100 nm Pt/40
nm ZnO/300 nm SiO2/(001) Si substrate by spin casting at 4000 RPM for 30 s
followed by a pyrolysis step at 350 °C for 1 min42. After four coating and pyrolysis
steps, an additional layer of a 0.1 M PbO solution was coated onto the surface to
provide a PbO overpressure and the film was annealed at 700 °C for 10 min in a
preheated box furnace43. The final PbZrO3 film thickness was 300 nm. X-ray
diffraction was performed using a PanAlytical Empyrean diffractometer in a
Bragg–Brentano geometry with a GaliPIX detector and Cu Kα radiation, and
scanning electron microscopy was performed using a FEI Quanta 650 with a
concentric backscatter detector and an acceleration voltage of 15 kV44.

Time-domain thermoreflectance (TDTR). The thermal conductivity of the PZO
samples was measured using time-domain thermoreflectance (TDTR). The details
of the measurement technique and thermal model that relates the experimental
data to thermal properties are given elsewhere45–49. In short, and related to the
current manuscript, the output of a pulsed Ti:sapphire laser (80 MHz, 14 nm
FWHM, and 808 nm center wavelength) is split into a pump and a probe path
where the pump path is electro-optically modulated at a frequency of 8.4 MHz to
create an oscillatory heating event on the surface of the sample. The probe path is
directed to a mechanical delay stage to capture the temporal change in the ther-
moreflectivity of the sample which can be related to the changes in temperature. In
order to facilitate the detection of changes in thermoreflectivity of the surface, we
deposit 80 nm of metallic transducer on top of the sample prior to taking the
measurements. For thermal conductivity measurements at elevated temperatures,
we use (i) resistive heating with a commercial temperature control stage (Linkam
model HFS600E-PB4) and (ii) optical heating with a CW laser operating at 532 nm
wavelength. The temperature control stage enables uniformly heating the entire
sample to a known temperature, while the laser heating allows for rapid (sub-
second) temperature rise by hundreds of degrees on the sample’s surface.

Fig. 5 Real-time switching of epitaxial PZO to low and high thermal conductivity using electrical and thermal stimuli. Switching thermal conductivity of
PZO as a function of time measured at 500 ps delay time for (a) electric fields of 210, 330, 420, and 670 kV cm−1, and (b) heater laser powers of 20, 40,
and 60 mW. c, d Repeatability of switching thermal conductivity upon applying maximum electric field and laser power before damaging the sample. The
dashed lines represent the weighted average of the data points corresponding to that line. These measurements were performed at a single location on the
sample. The uncertainty is calculated based on a 10% change in transducer thickness.
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FIG. 1. XRD symmetric θ -2θ (a) and wurtzite-002 rocking curve (b) scans of 500 nm Al0.93B0.07N (top) and AlN (bottom) films prepared
on (110)W/(001)Al2O3 substrates. The inset drawing depicts the wurtzite crystal structure for AlN.

predominantly van der Waals forces. Since BN has a band gap
of 5.2 eV in its hexagonal form and 6.4 eV in its cubic form
[17], B modification suggests the possibility for structural
softening in AlN without severe band gap reduction.

Herein, we report on the structural, electrical, and optical
properties of ferroelectric Al1–xBxN (AlBN) thin films fabri-
cated using dual-magnetron reactive sputtering. High quality,
epitaxial AlBN can be grown at 300°C on W coated c-axis
Al2O3 substrates. Films with as low as 2 mol% BN exhibit
robust ferroelectric behavior similar to that observed in the
Al1–xScxN (AlScN) system with remanent polarizations larger
than 125 µC cm–2. Moreover, AlBN maintains a band gap
>4.9 eV throughout the experimentally accessible composi-
tion range, allowing for polarization hysteresis measurements
at 200 Hz without substantial leakage current contributions.

II. RESULTS AND DISCUSSION

We chose 7 mol% BN as a representative composition
with a boron content roughly centered in the accessible
wurtzite window. Figure 1(a) shows the x-ray diffraction
(XRD) θ -2θ patterns for a 500-nm thick Al0.93B0.07N film on
(110)W/(001)Al2O3 substrate. For comparison, a pure AlN
film grown under similar conditions with the same thickness
is also shown. The only reflections present are from the AlBN
(00l ), W (hh0), and Al2O3(00l ) planes, indicating that both
pure AlN and B-substituted films have the wurtzite structure
and exhibit c-axis texture. Rocking curves of the Al0.93B0.07N
and AlN 002 reflections shown in Figs. 1(b) and 1(c) have
full-width-half-maximum (FWHM) values of 1.26° and 0.96°
respectively, demonstrating modest out-of-plane crystalline
mosaicity in both films.

Nested polarization-electric field (P-E) measurements of
these films are shown in Fig. 2. The film with x = 0.07 dis-
plays a saturated hysteretic response with nearly ideal boxlike
shape, similar to Al1–xScxN films shown by Fichtner et al.

FIG. 2. Room temperature polarization hysteresis for 500 nm
Al0.93B0.07N (a) and AlN (b) films measured with a 200 Hz triangular
wave. Nested loops are displayed at 0.1 MV cm–1 increments.
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• What makes a high k material?

• Slack Criteria:
• Strong bonds
• Light masses
• Small unit cell
• Minimize defects!
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This manuscript demonstrates ferroelectricity in B-substituted AlN thin films and a complementary set of
first-principles calculations to understand their structure-property relationships. Al1–xBxN films are grown by
dual-cathode reactive magnetron sputtering on (110)W/(001)Al2O3 substrates at 300°C at compositions span-
ning x = 0 to x = 0.20. X-ray diffraction studies indicate a decrease in both the c and a lattice parameters with
increasing B concentration, resulting in a decrease in unit cell volume and a constant c/a axial ratio of 1.60 over
this composition range. Films with 0.02 ! x ! 0.15 display ferroelectric switching with remanent polarizations
exceeding 125 µC cm–2 while maintaining band gap energies of >5.2 eV. The large band gap allows low
frequency hysteresis measurement (200 Hz) with modest leakage contributions. At B concentrations of x > 0.15,
c-axis orientation deteriorates and ferroelectric behavior is degraded. Density-functional theory calculations
corroborate the structural observations and provide predictions for the wurtzite u parameter, polarization reversal
magnitudes, and composition-dependent coercive fields.

DOI: 10.1103/PhysRevMaterials.5.044412

I. INTRODUCTION

AlN has the polar wurtzite structure (space group P63mc)
with a spontaneous polarization parallel its c axis, along
which pyroelectricity and piezoelectricity are observed. The
combination of high mechanical quality factor, reasonable
coupling coefficients, high electrical resistivity, high break-
down strength, thermal stability, and low dielectric loss have
made it ubiquitous in thin film bulk acoustic wave and micro-
electromechanical systems devices [1]. Recently, the demands
of next-generation communication systems have spurred re-
search into impurity substituted AlN thin films with improved
piezoelectric properties. Enhanced AlN thin film piezoelectric
properties are achieved in substitutional solid solutions be-
tween AlN and a series of transition metal nitrides including
ScN [2,3], YN [4], and Mg1–xNbxN [5]. Akiyama et al. [2]
demonstrated that alloying with ScN up to 43 mol% improves
the piezoelectric modulus of AlN by up to 400%, as long
as the wurtzite structure is preserved. This enhancement is
attributed to an increase in ionic bonding character and a struc-
tural frustration between wurtzitic and hexagonal polymorphs
which soften the potential energy landscape, making the lat-
tice more susceptible to external perturbations like stress or
electric fields [6]. Fichtner et al. [7] investigated the high-field
response of Al1–xScxN thin films and discovered ferroelec-
tric switching with remanent polarizations >100 µC cm–2.
Fichtner proposed that a hexagonal BN-like structure is the
high-field transition state through which polarization reversal
occurs. With increasing Sc concentration, the wurtzite internal
parameter u (the length of the metal-nitrogen bond along the c
axis with respect to the c parameter) approaches 1/2. Increas-

*Corresponding author: jmhhayden@psu.edu

ing u towards 1/2 flattens the AlN puckered hexagonal rings
and lowers the energy barrier to traverse the transition state,
resulting in a reduction in switching fields with increasing Sc
content.

Despite the striking properties achieved in Sc-substituted
AlN, modification with semiconducting ScN (band gap,
Eg, = 1.58 eV) causes an undesired reduction in the band
gap of Al1–xScxN from ∼6.1 eV for x = 0 to as low as
∼2.9 eV for x = 0.45; in this composition range the coercive
fields approach the breakdown voltage [8–11]. Additionally,
Sc is a strategic element which is not optimal for ferroelectric
nitride devices produced at scale. In this article, we ex-
plore B-substituted AlN as an alternative ferroelectric nitride
that contains only complementary metal-oxide-semiconductor
(CMOS)-compatible elements and that maintains a large
band gap and manageable leakage current in composi-
tions exhibiting robust polarization reversal. Further, current
CMOS-compatible ferroelectrics like HfO2 and Hf1–xZrxO2
commonly require high temperature anneals >600 ◦C to sta-
bilize the ferroelectric phase [12–14]. We demonstrate that
highly textured ferroelectric boron-substituted AlN alloys
with W metal electrodes can be fabricated at thermal budgets
as low as 300°C.

AlN-based alloys of interest for piezoelectric and ferro-
electric applications typically employ binary transition metal
nitrides as the substituent, many of which possess the rocksalt
structure and are semiconductors with indirect band gaps of
about 0.5–2 eV [8,15]. First-principles calculation have shown
that while both ScN and YN are unstable in the wurtzite phase,
they can form a metastable intermediate layered hexagonal
phase with an in-plane cation coordination of 3 [16]. On
the other hand, BN exists in the layered hexagonal phase
under equilibrium conditions where B adopts a threefold
coordination in covalently bonded sheets held together by
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• Aluminum nitride
• Strong bonds
• Light masses
• Small unit cell



Highest thermal conductivity ferroelectric: Al1-xBxN 

6

• Al1-xBxN highest thermal 
conductivity of any 
ferroelectric to date

• Defects reduce thermal 
conductivity, but light 
atomic mass of boron 
helps with maintaining 
high k compared to Sc

• “Type” of defect can be 
used to tune both 
thermal conductivity and 
ferroelectric response 
for “co-design”



Softer disordered materials - shorter l - smaller v - smaller k

7

Adv. Mater. 30, 1805004

7

• What makes a low k material?
• Opposite of Slack Criteria:

• Weak bonds
• Heavy masses
• Large unit cell
• Increase “defects”!

© 2018 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim1805004 (3 of 8)

www.advmat.dewww.advancedsciencenews.com

and modulation frequency. From this, we follow the procedure 
outlined by Wang et al.[16] to determine the 95% confidence 
interval of fitted thermal conductivity and heat capacity based on 
the two-standard deviation difference from the minimum nor-
malized residual. Figure 1d shows the results for J14 and all six-
cation ESOs, where contour lines indicate the combinations of κ 
and Cv corresponding to a 95% confidence interval.

There is a strong reduction in thermal conductivity between 
J14 and all six-cation oxides; variation in κ among the latter are 
within 20% of one another and follow an expected decreasing 
trend with heavier average cation mass, as shown in Figure 1e. 
Accounting for uncertainties arising from film thicknesses and 
thermal properties does not explain this reduction from five to 
six cations. This finding suggests that there is an enhanced level 
of phonon scattering intrinsic to the six-cation oxides compared 
to J14 that is dictating the observed reduction in thermal conduc-
tivity. Furthermore, a 105 nm polycrystalline J14 sample (p-J14) 
was fabricated on an amorphous SiO2 (a-SiO2) substrate; grain 
sizes were on the order of 50–100 nm as determined by atomic 
force microscopy (AFM). Grain boundaries typically scatter pho-
nons on the order of the grain size,[17,18] which would reduce the 
thermal conductivity of p-J14 relative to single crystal J14. Because 
the substrate is a-SiO2 in this case, heat capacity and thermal con-
ductivity cannot be experimentally decoupled (see Supporting 
Information for details). However, if we assume that the heat 
capacity is that of J14, the thermal conductivity of p-J14 is, within 
uncertainty, equal to that of J14. This indicates that phonon scat-
tering at grain boundaries negligibly affects the thermal conduc-
tivity, suggesting that the phonons contributing most strongly to 
thermal transport in J14 have mean-free paths smaller than this 
average grain size. Moreover, this result indicates that even with 
additional extrinsic scattering mechanisms, the thermal conduc-
tivity of J14 does not reduce to those of the six-cation oxides. To 
understand the significance of this reduction in thermal conduc-
tivity, we measure a 78 nm amorphous J14 (a-J14) film grown 
on a-SiO2. Again assuming the same heat capacity as J14, the 
thermal conductivity of a-J14 is 1.16 ± 0.16, almost a third that 
of J14, and within 20% of the thermal conductivity of J31. This 
amorphous thermal conductivity is typically assumed to be the 
minimum limit to the intrinsic thermal conductivity of a solid.[19]

Reduced crystalline thermal conductivity approaching the 
amorphous limit is an attractive property to several applications, 
including thermoelectric power generation[20] and thermal bar-
rier coatings,[21] where crystalline materials allow for the desir-
able electronic properties and temperature stability necessary 
for extreme environments. Such reduction is often achieved 
via nanostructuring with defects and/or interfaces, the latter of 
which resulted in the lowest thermal conductivity measured in a 
fully dense solid at 0.05 W m−1 K−1 for WSe2 in the cross-plane 
direction,[22] a 30 × reduction over the c-axis thermal conductivity 
of single-crystal WSe2. For macroscale applications in which films 
inevitably become large enough that grains of varying orienta-
tions form, thermal conductivity reduction in one crystallographic 
direction does not have significant benefit. Thus, for isotropic 
crystals, such reduction is typically achieved via increasing com-
positional disorder,[23] which can lead to mass mismatch, atomic 
radii mismatch, and local atomic strain that results in additional 
phonon scattering. For example, mixed crystals with controlled 
disorder were shown to have thermal conductivities that approach 

their minimum limit.[19] Similarly, unary and binary compound 
superatomic crystals were shown to have amorphous-like thermal 
conductivities when orientational disorder is present.[24] On the 
other hand, complex crystals such as the cubic I-V-VI2 semicon-
ductor AgSbTe2 have intrinsically glass-like thermal conduc-
tivities[25] attributed to the spontaneous formation of nanoscale 
domains with different orderings on the cation sublattice.[26]

Regardless of the mechanism, a thermal conductivity reduc-
tion generally comes at the expense of a crystal’s stiffness, as 
determined by its elastic modulus. This is shown in Figure 2a, 
where thermal conductivity is plotted as a function of elastic 
modulus for a wide array of isotropic crystals. Whereas metals 
can maintain a relatively high thermal conductivity due to contri-
bution from electron transport, phonons are the dominant heat 
carriers in non-metals; reduction of elastic modulus is indicative 
of a reduction in phonon group velocity and energies, resulting 
in a lowered thermal conductivity. As shown in Figure 2a,  
the regime of simultaneously stiff and insulative crystals is 
unpopulated, despite the need in practical applications such 
as thermal barrier coatings. We show that ESOs, whose elastic 
moduli are measured with contact resonance AFM (CR-AFM), 
represent a step towards filling this void. In fact, in Figure 2b, 
we quantify the ratio of elastic modulus to thermal conduc-
tivity (E/κ) to show that ESOs fall in line with the highest E/κ 
crystals at room temperature, surpassing prominent thermal 
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Figure 2.  Thermal and elastic properties of crystals. a) Thermal conduc-
tivity (κ) versus elastic modulus (E) for a wide range of isotropic crys-
tals at room temperature. Materials are grouped into metals (squares) 
and non-metals (triangles), the former having the subset of HEAs (open 
squares) and the latter having the subset of ESOs (circles). b) Ratio of E 
to κ for the highest-ratio crystals from (a). A table of data and references 
can be found in the Supporting Information.
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Figure 3. Selected examples of crystals with very low or glass-like lattice thermal conductivity: (a) NaCl-type solid solutions with alkali cyanides, (b)
fluorite and antiflourite crystals with vacancies or interstitials (not shown), (c) filled skutterudites (A = filler atom), (d) intermetallic clathrates with
“rattling” guest atoms (A = guest atom), (e) Zn4Sb3 (interstitial sites not shown), (f) turbostratically disordered WSe2 (rotational disorder not shown),
and (g) Cu3SbSe3 with stereochemically active lone pair electrons.

Figure 4. Thermal conductivity of (KCl)1-x(KBr)x solid solutions. The cal-
culatedminimum thermal conductivity for KCl is also shown. Isoelectronic
substitution significantly reduces the thermal conductivity, yet it remains
much higher than the glass limit and retains the typical crystalline tem-
perature dependence. Reprinted with permission from Ref. 12. Copyright
1992 by the American Physical Society.

do not typically reduce thermal conductivities to values anywhere
near the glass limit, and the lattice thermal conductivity usually
retains the typical crystalline temperature dependence.
Thermal conductivities that approach the glass limit can, how-

ever, be obtained in other types of solid solutions. We again use
the rock salt structure as an example. In (KBr)1-x(KCN)x, the di-
atomic CN– anion replaces the Br– anion. Although the crys-
tal chemistry of the host structure is very similar to the preced-
ing example, the resulting effect on the thermal conductivity is
very different: as shown in Figure 5, the thermal conductivity in
this case is glass-like with a similar magnitude and temperature
profile as vitreous silica.[12] Since the elongated CN– is oriented
along the 111 direction in the face-center cubic KBr structure,
there are eight symmetrically equivalent orientations available.
At sufficiently low temperatures, the CN– molecule can therefore
quantum mechanically tunnel between these eight orientations,
producing a tunnel splitting in the librational energy levels.[2%]

Presumably, the heat carrying acoustic phonons of the KBr host
lattice are resonantly scattered by these tunnel states, which be-
have similarly to the tunneling states in a glass and produces the
T2 dependence at low T. At higher temperatures, the random lo-
cal stresses associated with the substitution of the elongated CN–

for Br– presumably produce lattice vibrations that are in some
ways glass-like.[27] Note that, as illustrated in Figure 5, doubling
the KCN content from x ! (.2 to x ! (.) does not appreciably
affect the thermal conductivity, which is glass-like in both cases.
It is also possible to achieve glass-like thermal conductivity in

solid solutions by introducing static disorder by the creation of va-
cancies and/or interstitial atoms. Examples are found in the flu-
orite and anti-fluorite structures (Figure 3b). The glass-like ther-
mal conductivity of the well-known thermal barrier coating ma-
terial yttrium stabilized zirconia (Zr1-xYxO2-x/2 or YSZ) with the
fluorite structure has been attributed to the presence of oxygen
vacancies (B atom sites in Figure 3b).[29] Substitution of two Y3+
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X-ray diffraction, EXAFS and STEM–EDS probes are sensitive
to 10 s of nm, 10 s of Å and 1 Å length scales, respectively. While
any single technique could be misinterpreted to conclude
homogenous mixing, the combination of X-ray diffraction,
EXAFS and STEM–EDS provide very strong evidence. We note,
in particular, the similarity in EXAFS oscillations (both in
amplitude and position) out to 12 inverse angstroms. This
similarly would be lost if local ordering or clustering were present.
Consequently, we conclude with certainty that the cations are
uniformly dispersed.

Discussion
The set of experimental outcomes show that the transition from
multiple-phase to single phase in E1 is driven by configurational
entropy. To complete our thermodynamic understanding of this
system, it is important to understand and appreciate the enthalpic
penalties that establish the transition temperature. In so doing,
the data set can be tested for self-consistency, and the present
data are brought into the context of prior research on oxide
solubility.

First, we consider an equation relating the initial and final
states of the proposed phase transition:

MgOðRSÞ þNiOðRSÞ þCoOðRSÞ þCuOðTÞ þZnOðWÞ¼ Mg;Ni;Co;Cu;Znð ÞOðRSÞ

For MgO, NiO and CoO, the crystal structures of the initial
and final states are identical. If we assume that solution of each
into the E1 rocksalt phase is ideal, the enthalpy for mixing is zero.
For CuO and ZnO, there must be a structural transition to
rocksalt on dissolution from tenorite and wurtzite, respectively. If
we again assume (for simplicity) that the solution is ideal, the
mixing energy is zero, but there is an enthalpic penalty associated
with the structure transition. From Davies et al. and Bularzik
et al., we know the reference chemical potential changes for the
wurtzite-to-rocksalt and the tenorite-to-rocksalt transitions of
ZnO and CuO; they are 25 and 22 kJ mol% 1, respectively36,37. If
we make the assumption that the transition enthalpies of
ZnO(wurtzite) to ZnO(rocksalt E1) and CuO(tenorite) to
CuO(rocksalt E1) are comparable, then the enthalpic penalty
for solution into E1 can be estimated. For ZnO and CuO, the
transition to solid solution in a rocksalt structure involves an
enthalpy change of (0.2) & (25 kJ mol% 1)þ (0.2) & (22 kJ mol% 1), a
total of þ 10 kJ mol% 1. This calculation is based on the product

of the mol fraction of each multiplied by the reference transition
enthalpy.

This assumption is consistent with the report of Davies et al.
who showed that the chemical potential of a particular cation in a
particular structure is associated with the molar volume of that
structure36. Since the rocksalt phases of ZnO and CuO have
molar volumes comparable to E1, their reference transition
enthalpy values are considered suitable proxies.

In comparison, the maximum theoretically expected config-
urational entropy difference at 875 !C (the temperature were we
observe the transition experimentally) between the single species
and the random five-species solid solution is B15 kJ mol% 1,
5 kJ mol% 1 larger than the calculated enthalpy of transition. It is
possible that the origins of this difference are related to mixing
energy as the reference energy values for structural transitions to
rocksalt do not capture that aspect.

While the present phase diagrams that monitor Ttrans as a
function of composition demonstrate rather symmetric behaviour
about the temperature minima, it is unlikely that mixing
enthalpies are zero for all constituents. Indeed, literature reports
show that enthalpies of mixing between the constituent oxides in
E1 are finite and of mixed sign, and their magnitudes are on the
same order as the 5 kJ mol% 1 difference between our calculated
predictions36. This energy difference may be accounted for by
finite and positive mixing enthalpies.

Following this argument, we can achieve a self-consistent
appreciation for the entropic driving force and the enthalpic
penalties for solution formation in E1 by considering enthalpies
of the associated structural transitions and expected entropy
values for ideal cation mixing.

As a final test, these predictions can be compared with
experiment, specifically by calculating the magnitude of the
endotherm observed by DSC at the transition from multiple-
phase to single-phase states. Doing so we find a value
B12 kJ mol% 1 (with an uncertainty of ±2 kJ mol% 1). While
we acknowledge the challenge of quantitative calorimetry, we
note that this experimental result is intermediate to and in close
agreement with the predicted values.

Compared with metallic alloys, the pronounced impact of
entropy in oxides may be surprising given that on a per-atom
basis the total disorder per volume of an oxide seems be lower
than in a high-entropy alloy, as the anion sublattice is ordered
(apart from point defects). The chemically uniform sublattice is
perhaps the key factor that retains cation configurational entropy.
As an illustration, consider a comparison between random metal
alloys and random metal oxide alloys.

Begin by reviewing the case of a two-component metallic
mixture A–B. If the mixture is ideal, the energy of interaction
EA–B¼ (EA–AþEB–B)/2, there is no enthalpic preference for
bonding, and entropy regulates solution formation. In this
scenario, all lattice sites are equivalent and configurational
entropy is maximized. This situation, however, never occurs as
no two elements have identical electronegativity and radii values.
Figure 6a illustrates a two-component alloy scenario A–B where
species B is more electronegative than A. Consequently, the
interaction energies EA–A, EB–B and EA–B will be different. A
random mixture of A–B will produce lattice sites with a
distribution of first near neighbours, that is, species A
coordinated to 4-B atoms, 2-A and 2-B atoms, etcy Different
coordinations will have different energy values and the sites are
no longer indistinguishable. Reducing the number of equivalent
sites reduces the number of possible configurations and S.

Now consider the same two metallic ions co-populating a
cation sublattice, as in Fig. 6b. In this case, there is always an
intermediate anion separating neighbouring cation lattice sites.
Again, in the limiting case where only first near neighbours are

Mg Co

ZnCuNi

HAADFa

5 Å

Figure 5 | STEM–EDS analysis of E1. (a) HAADF image. Panels labelled as
Zn, Ni, Cu, Mg and Co are intensity maps for the respective characteristic
X-rays. The individual EDS maps show uniform spatial distributions for each
element and are atomically resolved.
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equimolar. Two dependencies become apparent: the entropy
increases as new species are added and the maximum entropy is
achieved when all the species have the same fraction. Both
dependencies assume ideal random mixing. Two series of
composition-varying experiments investigate the existence of
these trends in formulation E1.

The first experiment monitors phase evolution in five
compounds, each related to the parent E1 by the extraction of a
single component. The sets are equilibrated at 875 !C (the threshold
temperature for complete solubility) for 12 h. The diffraction

patterns in Fig. 2a show that removing any component oxide results
in material with multiple phases. A four-species set equilibrated
under these conditions never yields a single-phase material.

The second experiment uses five individual phase diagrams to
explore the configurational entropy versus composition trend. In
each, the composition of a single component is varied by ±2,
±6 and ±10% increments about the equimolar composition
while the others are kept even. Since any departure from
equimolarity reduces the configurational entropy, it should
increase transition temperatures to single phase, if that transition
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and modulation frequency. From this, we follow the procedure 
outlined by Wang et al.[16] to determine the 95% confidence 
interval of fitted thermal conductivity and heat capacity based on 
the two-standard deviation difference from the minimum nor-
malized residual. Figure 1d shows the results for J14 and all six-
cation ESOs, where contour lines indicate the combinations of κ 
and Cv corresponding to a 95% confidence interval.

There is a strong reduction in thermal conductivity between 
J14 and all six-cation oxides; variation in κ among the latter are 
within 20% of one another and follow an expected decreasing 
trend with heavier average cation mass, as shown in Figure 1e. 
Accounting for uncertainties arising from film thicknesses and 
thermal properties does not explain this reduction from five to 
six cations. This finding suggests that there is an enhanced level 
of phonon scattering intrinsic to the six-cation oxides compared 
to J14 that is dictating the observed reduction in thermal conduc-
tivity. Furthermore, a 105 nm polycrystalline J14 sample (p-J14) 
was fabricated on an amorphous SiO2 (a-SiO2) substrate; grain 
sizes were on the order of 50–100 nm as determined by atomic 
force microscopy (AFM). Grain boundaries typically scatter pho-
nons on the order of the grain size,[17,18] which would reduce the 
thermal conductivity of p-J14 relative to single crystal J14. Because 
the substrate is a-SiO2 in this case, heat capacity and thermal con-
ductivity cannot be experimentally decoupled (see Supporting 
Information for details). However, if we assume that the heat 
capacity is that of J14, the thermal conductivity of p-J14 is, within 
uncertainty, equal to that of J14. This indicates that phonon scat-
tering at grain boundaries negligibly affects the thermal conduc-
tivity, suggesting that the phonons contributing most strongly to 
thermal transport in J14 have mean-free paths smaller than this 
average grain size. Moreover, this result indicates that even with 
additional extrinsic scattering mechanisms, the thermal conduc-
tivity of J14 does not reduce to those of the six-cation oxides. To 
understand the significance of this reduction in thermal conduc-
tivity, we measure a 78 nm amorphous J14 (a-J14) film grown 
on a-SiO2. Again assuming the same heat capacity as J14, the 
thermal conductivity of a-J14 is 1.16 ± 0.16, almost a third that 
of J14, and within 20% of the thermal conductivity of J31. This 
amorphous thermal conductivity is typically assumed to be the 
minimum limit to the intrinsic thermal conductivity of a solid.[19]

Reduced crystalline thermal conductivity approaching the 
amorphous limit is an attractive property to several applications, 
including thermoelectric power generation[20] and thermal bar-
rier coatings,[21] where crystalline materials allow for the desir-
able electronic properties and temperature stability necessary 
for extreme environments. Such reduction is often achieved 
via nanostructuring with defects and/or interfaces, the latter of 
which resulted in the lowest thermal conductivity measured in a 
fully dense solid at 0.05 W m−1 K−1 for WSe2 in the cross-plane 
direction,[22] a 30 × reduction over the c-axis thermal conductivity 
of single-crystal WSe2. For macroscale applications in which films 
inevitably become large enough that grains of varying orienta-
tions form, thermal conductivity reduction in one crystallographic 
direction does not have significant benefit. Thus, for isotropic 
crystals, such reduction is typically achieved via increasing com-
positional disorder,[23] which can lead to mass mismatch, atomic 
radii mismatch, and local atomic strain that results in additional 
phonon scattering. For example, mixed crystals with controlled 
disorder were shown to have thermal conductivities that approach 

their minimum limit.[19] Similarly, unary and binary compound 
superatomic crystals were shown to have amorphous-like thermal 
conductivities when orientational disorder is present.[24] On the 
other hand, complex crystals such as the cubic I-V-VI2 semicon-
ductor AgSbTe2 have intrinsically glass-like thermal conduc-
tivities[25] attributed to the spontaneous formation of nanoscale 
domains with different orderings on the cation sublattice.[26]

Regardless of the mechanism, a thermal conductivity reduc-
tion generally comes at the expense of a crystal’s stiffness, as 
determined by its elastic modulus. This is shown in Figure 2a, 
where thermal conductivity is plotted as a function of elastic 
modulus for a wide array of isotropic crystals. Whereas metals 
can maintain a relatively high thermal conductivity due to contri-
bution from electron transport, phonons are the dominant heat 
carriers in non-metals; reduction of elastic modulus is indicative 
of a reduction in phonon group velocity and energies, resulting 
in a lowered thermal conductivity. As shown in Figure 2a,  
the regime of simultaneously stiff and insulative crystals is 
unpopulated, despite the need in practical applications such 
as thermal barrier coatings. We show that ESOs, whose elastic 
moduli are measured with contact resonance AFM (CR-AFM), 
represent a step towards filling this void. In fact, in Figure 2b, 
we quantify the ratio of elastic modulus to thermal conduc-
tivity (E/κ) to show that ESOs fall in line with the highest E/κ 
crystals at room temperature, surpassing prominent thermal 
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Figure 2.  Thermal and elastic properties of crystals. a) Thermal conduc-
tivity (κ) versus elastic modulus (E) for a wide range of isotropic crys-
tals at room temperature. Materials are grouped into metals (squares) 
and non-metals (triangles), the former having the subset of HEAs (open 
squares) and the latter having the subset of ESOs (circles). b) Ratio of E 
to κ for the highest-ratio crystals from (a). A table of data and references 
can be found in the Supporting Information.
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barrier coating materials such as zirconates BaZrO3, La2Zr2O7 
and the most commonly used Y2O3-stabilized ZrO2 (YSZ).[27] By 
comparison, HEAs have elastic moduli falling anywhere from  
20 to 180 GPa,[28] while thermal conductivities generally exceed  
10 W m−1 K−1.[28] The general metallic nature of most HEAs means 
that they will have relatively large contributions from electrons to 
thermal conductivity. However, recent developments in HEAs for 
use in thermoelectric applications[11,29] have demonstrated that 
HEAs can have thermal conductivities as low as 0.5 W m−1 K−1 
at room temperature.[11] Because E/κ (∝ 1/Cvτ, where τ is phonon 
scattering time) is indicative of the phonon scattering rate, the 
high ratios observed for ESOs demonstrate the use of entropy sta-
bilization with multiple components to reduce phonon scattering 
times rather than velocities, which opens the door to unique com-
binations of properties, in this case simultaneously high elastic 
modulus and near-minimum thermal conductivity.

To better understand this reduction in thermal conductivity 
from five to six cations, we measure the thermal conductivi-
ties of J14 and J35 over a temperature range of 78–450 K, pre-
sented in Figure 3a. J14 and J35 have nearly identical average 
mass, thickness, and sound speed, making the two ideal candi-
dates to compare. A similar reduction in thermal conductivity 
is observed in J35 compared to J14 at all temperatures tested. 
Unlike typical crystalline materials’ thermal conductivity trends 
with temperature, both J14 and J35 display trends indicative of 
amorphous materials, having increasing thermal conductivities 
with temperature. To put this into perspective, we measure the 
thermal conductivity of a-J14 to show this characteristic amor-
phous thermal conductivity relation with temperature, revealing 
that J35 shows similar magnitudes of thermal conductivity 
to those of a-J14 at comparable temperatures. Furthermore, 
we measure two-cation oxides of Cu0.2Ni0.8O, Zn0.4Mg0.6O, 
Co0.25Ni0.75O at 230–450 K to show the characteristic Umklapp 
scattering trend (∝ 1/T) expected in crystalline materials and 
enhanced thermal conductivity relative to J14/J35. Qualita-
tively, the addition of cations results in greater deviation from 

a perfect crystal, which reduces thermal conductivity through 
increased phonon scattering. We model this phonon scattering 
to estimate the thermal conductivity as a function of tempera-
ture using the virtual crystal approximation (VCA),[30] details 
and assumptions for which are provided in the Supporting 
Information.

Assessing the VCA as a predictive model, Figure 3 shows 
that it accurately describes the thermal conductivity relation 
with temperature for both b) Cu0.2Ni0.8O and c) Zn0.4Mg0.6O 
when considering only mass disorder as the phonon-defect 
scattering process. The VCA, while capturing the Umklapp 
scattering temperature trend observed experimentally, does not 
accurately predict the magnitude of thermal conductivity for 
d) Co0.25Ni0.75O, owing to the nearly identical mass of Co and 
Ni, suggesting the need to include additional phonon scattering 
due to variations in the interatomic force constants (IFCs). For 
the purposes of the VCA analytical model, we treat the IFC 
scattering rate coefficient and the Grüneisen parameter, which 
affects normal scattering rates, as fitting parameters. With 
these adjustable parameters, the VCA can accurately capture 
the measured thermal conductivity, as depicted in Figure 3d. 
Addition of these fitting terms proves to make a negligible 
difference for b) Cu0.2Ni0.8O and c) Zn0.4Mg0.6O. Overall, the 
VCA captures the thermal conductivity of these two-cation 
oxides with reasonable agreement to experiment.

When applied to five- and six-component ESOs, the VCA 
lacks predictive capability in both magnitude and temperature 
trend; this is shown in Figure 3e,f for J14 and J35, respectively. 
In fact, the VCA predicts that J14 and J35 should have higher 
thermal conductivities than both Zn0.4Mg0.6O and Co0.25Ni0.75O 
due their virtual crystal’s average mass having a smaller 
weighted difference with constituent masses than do the two-
cation oxides. Indeed, a saturation of phonon scattering from 
mass disorder limits the thermal conductivity reduction achiev-
able with an increasing number of components.[31] A similar 
argument can be made regarding additional terms describing 
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Figure 3.  a) Thermal conductivity versus temperature. Purple and gray lines depict VCA models without fitting parameters for Cu0.2Ni0.8O and 
Zn0.4Mg0.6O, while the maroon line is the minimum thermal conductivity model for J14 (κmin); shaded regions indicate uncertainties in the model. 
Thermal conductivity data are shown together with VCA models with and without adjustable parameters for b) Cu0.2Ni0.8O, c) Zn0.4Mg0.6O,  
d) Co0.25Ni0.75O, e) J14, f) J35, and g) a-J14.
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the modified unit cell for both a) J14 and b) J35 compositions 
extracted by EXAFS. For J14, we find an expected distortion of 
the Co octahedra that coincides with the observed lattice param-
eters of the tetragonal unit cell, a = 4.21 Å and c = 4.29 Å. By the 
second coordination shell, or absorber-metal scattering paths, 
we find that the half-path length agrees with observed lattice 
parameters within less than 1%. The addition of a sixth cation, 
as is the case in J35, appears to dramatically change the absorber 
octahedra such that a geometric extension no longer aligns to 
the lattice parameters. J35 exhibits a tetragonally compressed 
unit cell, with a = 4.21 Å and c = 4.08 Å. Half-scattering path 
lengths between the Co absorber and the six nearest neighboring 
oxygen atoms suggest a highly compressed octahedra with four 
planar oxygens at 1.93 Å and two axial oxygens at 1.96 Å. Again, 
comparing the half-scattering path length of the next nearest 
neighbors agrees with observed lattice parameters to within 1%. 
These EXAFS results largely align with our hypothesis from the 
thermal measurements in that a large strain is present in the 
six-cation ESOs such that the oxygen atoms are displaced from 
their ideal coordination positions. Such strong oxygen sublattice 
distortion is the indicator that IFC disorder is greatly enhanced 
in J35 relative to J14. This strong IFC disorder is promoted by 
charge compensation among cations to preserve charge neu-
trality when a sixth cation is added.[40]

The attribution of thermal conductivity reduction in ESOs to 
IFC disorder is further supported by molecular dynamics simu-
lations (see Supporting Information) in which IFC disorder is 
modeled by electrostatic point charges in the interatomic poten-
tial based on Bader charges from density functional theory 
calculations. These simulations reveal that accounting for 

differences in interatomic forces through adjustment of average 
properties, analogous to the VCA, cannot capture the magni-
tude or trend in thermal conductivity, whereas integration of 
randomly distributed mass and charge disorder accurately cap-
tures the reduction in thermal conductivity observed between 
J14 and six-cation oxides, reducing the thermal conductivity by 
a factor of almost two, in agreement with experiment. More-
over, in these simulations, we decouple mass and charge dis-
order to show that the latter is responsible for the strong reduc-
tion in thermal conductivity measured. Taken together, the 
experiment and simulation reveal that entropy-stabilized oxides 
can have uniquely low thermal conductivities while main-
taining a relatively high elastic moduli, made possible through 
highly disordered interatomic forces resulting from charge dis-
order among ionic bonds. These results provide an example of 
the broader aspect of entropy stabilization as a means to create 
materials with unique thermophysical properties that could be 
highly beneficial to thermoelectric and thermal barrier coating 
applications.

Experimental Section
Time- and Frequency-Domain Thermoreflectance: A combined time- and 

frequency-domain thermoreflectance (TDTR and FDTR) method is used, 
which is an optical pump-probe technique, to simultaneously measure 
the thermal conductivity and volumetric heat capacity of the thin-film 
ESO samples. This approach is based on the concept of varying the 
modulation frequency of the heating event to change the measurement 
property from thermal effusivity to thermal diffusivity, thereby decoupling 
thermal conductivity from volumetric heat capacity, allowing for a unique 
measurement of both quantities.[41–43] The approach by Wei et al.[43] is 
extended to incorporate TDTR phase data over a range of frequencies 
sufficient for FDTR, so as to combine the benefits of multifrequency 
TDTR and FDTR for thermal property measurement. This development 
provides a robust approach for measuring both the heat capacity and 
thermal conductivity of thin films.

Using the output of a pulsed Ti:Sapphire oscillator generating 200 fs 
pulses at a repetition rate of 80 MHz, the beam is divided into two paths, 
a pump path and a probe path. The pump is used to heat a sample of 
interest, which has an 80 nm aluminum layer deposited on it to serve as 
a transducer to convert the optical energy to thermal energy. The probe 
is used to measure the in-phase and out-of-phase change in reflectance 
resulting from the pump-induced heating at time delays ranging from 
200 ps to 6 ns and modulation frequencies ranging from 500 kHz to 
10 MHz. A lock-in amplifier is used to collect data at a given modulation 
frequency and improve signal-to-noise ratios. The number of data points 
collected are chosen such that they are sufficient for TDTR at a given 
frequency and pulsed-pulsed FDTR at a given probe time delay. Using 
a multilayer, radially symmetric thermal model incorporating both time 
delay and modulation frequency information directly extending from 
TDTR analysis procedures,[44–46] a surface fitting method is used to 
minimize the residuals between a time- and frequency-dependent thermal 
model with experimental data by varying three thermal parameters: ESO 
volumetric heat capacity (Cv), ESO thermal conductivity (κ), and Al/
ESO thermal boundary conductance (GAl/ESO). The ESO/MgO thermal 
boundary conductance (GESO/MgO) can in principle be set as a fitting 
parameter as well. However, in practice this parameter case is insensitive, 
such that doing so gives no additional benefit or physically meaningful 
information. Further details on the combined TDTR/FDTR approach and 
its comparison to the alternative methods to simultaneously measure Cv 
and κ can be found in the Supporting Information.

Extended X-Ray Absorption Fine Structure: EXAFS spectra were 
collected at beamline 10-BM-B at the Advanced Photon Source, Argonne 
National Laboratory (Lemont, IL). The Co K-edge was measured in 
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Figure 5.  Modified local structure of J14 and J35. Illustration depicts 
local structural changes about the cobalt species in a) J14 and b) J35. 
A comparison of the changes as a result of adding the sixth cation can 
be viewed by unit cell cross section along the (200) plane, as shown in 
(c) and (d) for J14 and J35, respectively. The lowercase roman numerals 
mark the coordination shell radius for i) nearest neighbor anion, ii) next 
nearest neighbor anion, and iii) nearest neighbor cation. In both cases, 
the nearest neighbor cation shell radius corresponds to one-half the face 
diagonal of the unit cell parameters, as determined through XRD.
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Fig. 2. Thermal conductivity of HfZrTaMoWC 1 −x thin films measured with TDTR ( κ total ) plotted as a function of methane flow rate in the deposition plasma (and corre- 
sponding % CH 4 ) during deposition for the a) thick ( ≈ 1 − 2 µm) film series and b) thin ( ≈ 100 nm) film series. Precise thicknesses for each film are tabulated in the 
Supplemental Materials [25] . The electrical contributions to the measured total thermal conductivity, κe , are calculated from the Wiedemann-Franz Law applied to electrical 
resistivity measurements on these films assuming the low temperature value for L = L 0 = 2 . 44 × 10 −8 W " K −2 [28,35] , and thus in this figure, κe ∝ L 0 . The phonon contribu- 
tions to the HEC thermal conductivities are then calculated as κp = κtotal − κe . These measurements of κ total and resulting calculations of κe and κp show a cross-over from 
electron-dominated thermal conductivity to phonon-dominated thermal conductivity as the primary bonding character in the HEC films transition from metallic to covalent. 
films as a function of CH 4 flow rate in Fig. 4 and discussed in more 
detail in the next section. 

We note that while these electrical resistivity measurements 
are taken in the in-plane direction, and the thermal conductiv- 
ity measurements are dominated by cross-plane thermal transport, 
the cubic structure of these HECs and the ability for our ther- 
mal conductivity measurements to determine the intrinsic thermal 
conductivity without obfuscation from the thermal boundary con- 
ductance across the adjacent film interfaces warrant this compari- 
son [39] . Even with the sample-varying grain size and microstruc- 
ture, our assumption of isotropic electrical resistivity in these 
films, and thus in-plane and cross-plane electrical conduction be- 
ing equal, is further supported based on the electronic mean free 
paths in these highly compositionally disordered metal carbides. 
Previous works have demonstrated that high entropy metallic al- 
loys [40] and metal carbides [31] are known to have electron mean 
free paths on the order of nanometers or less at room temperature. 
Given that all of the HEC samples studied in this work have higher 
electrical resistivities than these previously reported high entropy 
metallic alloys [40] and typical metal carbides [30,41] , we posit 
that the electron mean free paths in our HECs are on the order 
of 1 nm, which is at least an order of magnitude smaller than the 
smallest grain size that we measure in our HEC films. Thus, we do 
not expect the changing microstructure in these HEC films fabri- 
cated at different methane flow rates to obfuscate our assumption 
of isotropic electrical transport. 
3. Discussion 

The total and electronic thermal conductivities decrease as 
methane concentration increases. The phonon contribution to the 

thermal conductivity (derived from κp = κtotal − κe ) becomes the 
dominant thermal transport mechanism at 13% methane. At higher 
methane concentrations, the phonon contribution to thermal con- 
ductivity continuously decreases as the methane content in the de- 
position plasma is increased. These changes in κe and κp are re- 
lated to the transition of the HEC from mostly metallic bonding 
to mostly covalent bonding, and dependent on not only electronic 
scattering with carbon defects, but could also be driven by lattice 
stiffening, density changes, and additional crystal quality consider- 
ations, as described below. It is noted that the trend remains con- 
sistent between the thick and the thin films series, suggesting the 
characteristics observed are intrinsic to the carbide system, and not 
dependent on film thickness. 

In the primarily metallic films, κe plays a substantial, if not 
dominant role in the total thermal conductivity; regardless of our 
assumption of L when determining κe , our results show that the 
metallically-bonded films have a substantial electronic contribution 
to thermal conductivity, akin to that of a metal. When more car- 
bon is introduced into the system, κe abruptly drops as carbur- 
ization occurs and the films become primarily covalently-bonded. 
In this carbide phase, the cross over to a HEC system in which 
the thermal conductivity is phonon-dominated corresponds to 
where the ratio of metal-bonded carbon to excess carbon is maxi- 
mized. Past this point, the accumulation of excess carbon degrades 
film quality in terms of primary carbide microstructure and sec- 
ondary phase accumulation, as evidenced in SEM Fig. 1 c, and ulti- 
mately reduces the thermal conductivity. The triangular-like grain 
growth observed in the HEC films deposited with 6 and 8 sccm 
methane shown in Fig. 1 c are associated with epitaxial growth, 
thus implying the highest crystalline quality films are produced in 
this flow rate regime. This peak in crystal quality occurs in the 
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tion of hBN, respectively, and l is an integer number corresponding to 
the order of the HPhP modes. Figure 2b shows that the radiative heat 
emitted by gold is predominantly received by HPhPs in hBN as the heat 
flux mostly occurs at wave vectors that precisely match the dispersion 
of HPhPs. As such, the radiative heat flux at any temperature differential 
between gold and hBN will be carried predominantly through HPhPs.

Beyond the spectral response, it is also critical to quantitatively 
analyse the temporal relaxation of the thermoreflectance signals within 
and outside of the Reststrahlen band to delineate the role that HPhPs 
play in this process. The stark contrast between the time-dependent 
thermoreflectance signals under these two distinct conditions are 
provided as a function of pump–probe delay at a probe energy approxi-
mately ‘on resonance’ (Fig. 3a, black squares) with the TO phonon 
(probe energy of 7.4 µm, 0.17 eV, 1,351 cm−1) compared with the signal 
with a probe energy ‘off resonance’ (Fig. 3a, pink triangles), which is 
spectrally separated from the Reststrahlen band of hBN (probe energy 
of 6 µm, 0.21 eV, 1,667 cm−1), where hBN is nominally transparent to 
the probe beam (Supplementary Fig. 3). Additionally, at these pho-
ton energies, the thermoreflectance changes in Au provide nearly an 
order of magnitude smaller thermoreflectance signal compared with 
that measured from the hBN within the Reststrahlen band, thereby 
precluding any non-negligible transient response from Au in driving 
the observed response. Thus, as the large bandgap of hBN (~5.95 eV) 

precludes direct absorption of the incident pump energy (2.38 eV), the 
measured thermoreflectance signal is instead driven by the changes 
in the temperature of the hBN that are the result of thermal transport 
from the heated gold across the interface. The dominant signatures 
at picosecond timescales occur within the Reststrahlen band of hBN, 
illustrating the strong correlation of these excitations with thermal 
transport mediated by optical phonons and HPhPs. Further, our con-
trol measurement of pumping and probing directly on the hBN in the 
absence of Au results in a negligible response (Supplementary Fig. 4), 
clearly indicating that the measured signal (Fig. 3a) is due to a remote 
heating effect initiated via pump absorption within the Au pad. Thus, 
the correlation between the ultrafast heating of Au with the dramatic 
changes in the hBN thermoreflectance within the Reststrahlen band at 
picosecond timescales clearly illustrates that the mechanism is medi-
ated through the launching of HPhPs via near-field thermal radiation 
from the heated gold pads. Our results therefore qualitatively suggest 
that the Au–hBN TBC can be substantially influenced by energy transfer 
across the Au–hBN interface at ultrafast timescales (subnanosecond) 
mediated by HPhPs.

Determination of polaritonic conductance rate
The data on resonance with the hBN Reststrahlen band shown in Fig. 3a 
exhibit an exponential decay with a time constant of ~1,300 ps. After 
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Fig. 3 | Results from thermal analysis of IR thermoreflectance. a, The 
thermoreflectivity response of hBN as a function of the pump–probe delay time 
after Au pad heating near the TO resonant frequency (black squares, 7.4 µm) of 
hBN alongside the analytical model fit to the on-resonance data (solid red line). 
The best fit for the on-resonance data shown resulted in a HPhP-mediated TBC 
of >500 MW m−2 K−1. The standard model (dashed blue line) shows the calculated 
thermoreflectance signal expected at the surface of the Au pads assuming 
literature thermal parameters as well as an Au–hBN phonon–phonon TBC of 
12.5 MW m−2 K−1 measured with TDTR (see the Supplementary Information for 
details); the inset shows a comparison of the raw signal magnitude on resonance 
(black squares, 7.4 µm) with off resonance (red triangles, 6 µm). The inset 
represents the difference in magnitude and curvature between the off-resonance 
and on-resonance data past time zero, highlighting the strong response from the 
hBN when compared with the Si substrate as well as the extended duration that 

the hBN remains heated for. b, The current state of experimentally measured 
bulk TBCs across 3D/3D material interfaces (filled blue squares)2 as well as 
predicted 2D/3D interface conductances (open red circles region)74 and the best 
fit Au–hBN HPhP TBC measured in this work with error bars derived from the ±5% 
contour uncertainty presented in Supplementary Fig. 9, all plotted against a film 
to substrate ratio of Debye temperatures. c, The phonon density of states (pDOS) 
for hBN was reproduced from a figure in ref. 13 using density functional theory 
plotted with the occupied density of states the at two temperatures showing the 
lack of activity in the TO phonon mode 150 K above the ambient temperature, 
implying that the measurements in this work are due to optical phonon activity 
measured via IR probing, and not from thermally excited phonon modes from 
conduction alone. Lit. meas., literature measurements; Lit. calc., literature 
calculations; Dia., diamond.
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Better overlap of phonon DOS improves TBC at interfaces dominated by 
phonon transport (does not include 2D interfaces due to weak bonding)
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symbols). Similarly, Wilson and Cahill measured the highest 
ever reported hK for a solid/solid interface (≈12.1 GW m−2 K−1) 
for a Pd/Ir interface at room temperature (solid red squares). 
Cheaito et al.[36] also reported large conductances for Cu/Nb 
interfaces as shown in Figure 12 (hollow blue squares). While 
all of these studies report ultrahigh values of hK, they also report 
a linear increase in hK with temperature. They explain this linear 
trend through the DMM for electrons given as[36]

1
4

ee,1 2 1 2 e,1 F,1 1 2
1ζ ζ= = ∂

∂→ → →h C v
q
T  

(7)

where Ce,1 is the electronic heat capacity of the metal given 
as[191] ( /3) ( )e,1

2
F B

2π ε=C D k T , where kB is Boltzmann’s constant, 
q1 is the electronic flux on side 1, and ζ1 → 2 is given by[37]

1 2
F,2 F,2

F,2 F,2 F,1 F,1

ζ ε
ε ε

( )
( ) ( )=

+→
D v

D v D v  
(8)

where D(εF) is the density of states at the Fermi level and vF is 
the Fermi velocity. Figure 12 shows the calculations of the elec-
tronic DMM, which agrees qualitatively well with the experi-
mental data and the temperature trends of the experimental data 
for the three metal/metal interfaces. As the electronic DMM is 
based on the electron flux in the metals, the fact that the con-
ductance across various metal/metal interfaces can be well pre-
dicted by simple considerations of the electronic DMM could 

lead to the engineering of interfaces with tailored hee designed 
by simplistic arguments based on electronic flux and the elec-
tronic heat capacity of the metals comprising the interface.

Although the energy exchange at metal/metal interfaces 
appears simplistic from an analytical perspective, the picture 
of energy transfer at a metal/nonmetal interfaces becomes 
convoluted by the addition of different energy pathways. As 
proposed by Majumdar and Reddy,[192] the possible pathways 
for heat conduction that can occur at metal/nonmetal inter-
faces are shown in Figure 13a. These pathways are i) metal 
electron–metal phonon coupling at the metal/nonmetal inter-
face (he−mp), ii) phonon–phonon coupling across the interface 
(hp−p), and iii) metal electron–nonmetal phonon coupling 
directly across the interface (he−nmp). At a metal/nonmetal 
interface, electronic contributions to interfacial conductance 
have been mostly suggested to be nonexistent under equilib-
rium conditions.[19,34,63,70,71,193,194] The interest in this topic was 
triggered by the seminal work from Stoner and Maris where 
they reported measurements of hK between a series of metals  
and nonmetals to which they compared with various phonon–
phonon interface models and found discrepancies between 
theory and experiments.[30] This led Huberman and Over-
hauser, Sergeev, and more recently Mahan to propose theo-
retical models of he−nmp channel to explain the experimental 
results.[195–198]

Since Stoner and Maris’ experimental results, Lyeo and 
Cahill have shown that Pb and Bi, which have similar phonon 
spectrums yet different electronic densities around their 

Adv. Funct. Mater. 2019, 1903857

Figure 13. a) Schematic representation of pathways for interfacial heat flow for a metal/nonmetal interface. The electron–phonon coupling in the bulk 
of the metal presents a resistance in series with the phonon–phonon coupling across the interface. Electrons can also directly transfer their energy 
across the interface to the phonons on the nonmetal side. b) TDTR data taken from Giri et al.[70] showing the response of 40 nm Au deposited on various 
substrates with a thin Ti adhesion layer. The TDTR signal decays rapidly for the first few picoseconds after laser pulse absorption due to electronic 
relaxation in the metal. This is followed by a slow rise in the TDTR signal that is attributed to the heat flow from the Ti layer to the Au layer as most of 
the laser energy is first deposited in the Ti layer with the relatively higher electron–phonon coupling factor. The longer time regime corresponds to the 
heat flow across the interface and the diffusion of energy into the substrate.
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• Conduction across 

interface driven by 
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spacing at lower thickness) can also be seen in Figure 1a. This
shift indicates that thin ZnO films experience in-plane
compressive epitaxial strain, while thicker ZnO films tend to
relax toward their bulk lattice parameter, as confirmed with
reciprocal space maps (see Supporting Information). Long
range 2θ−ω scans (see Supporting Information) indicate a
small amount of [110]-oriented ZnO grains at thicknesses
above 100 nm, but thinner films exhibit a pure [001]
orientation, implying that the [110] ZnO nuclei precipitate
away from the ZnO/GaN interface.
Representative AFM data for the 95 nm thick ZnO film and

the GaN wafer are shown in Figure 1b,c, respectively. The
GaN surface exhibits a step-terrace morphology and the ZnO
films adopt a comparable morphology with less distinct but still
observable step edges. The RMS surface roughness of all ZnO
films was ∼1 nm or less and that of the GaN was <1 nm,
determined by AFM image analysis. Together, the XRD and
AFM data suggest heteroepitaxy and ZnO/GaN interfaces with
low dislocation density. While our structural characterization
indicates high crystalline quality of the ZnO, the small lattice
mismatch necessitates at least some volume of defected region
near the ZnO/GaN interface. In order to further investigate
this interface, cross-sectional transmission electron microscopy
(TEM) samples were prepared using the focused ion beam lift-
out technique. The samples, including both ZnO and GaN
layers as well as the interface between the two materials, were
extracted from the bulk sample and thinned to less than 100
nm. The high-resolution TEM images of the ZnO/GaN

interface show an approximately 10−12 nm defective region in
the ZnO, shown in Figure 1d,e for the 95 and 180 nm samples,
respectively. It should be noted that the presence of
dislocations at an interface may influence the thermal
boundary conductance. However, previous works have shown
that the dislocation density at a ZnO/GaN interface with films
grown under similar conditions was 2 × 108/cm2. Another
prior work demonstrated that dislocation densities of this
magnitude had little to no influence on the thermal boundary
conductance between epitaxially grown GaSb and GaAs.32 In
this regard, we expect the presence of dislocations at the ZnO/
GaN interface to have a minimal effect on the TBC. There is
negligible interface mixing as determined via energy dispersive
X-ray spectroscopy mapping and, thus we conclude that the
ZnO/GaN interfaces are relatively chemically abrupt and no
separate phases are formed near the interface. Additionally,
(11̅00) two beam images at the interface shows crystalline
disorder from dislocations whereas the ZnO material above
this interface layer, as well as the GaN layer below it, exhibit
high crystalline quality. Regardless of this relatively dislocation-
dense interfacial region, the ZnO and GaN are crystalline,
including in regions near the interface. Further TEM images
and details on analysis can be found in the Supporting
Information. For ZnO films less than 100 nm thick, XRR was
employed for thickness determination.38 Fitting of the XRR
data provided ZnO layer thickness and yielded surface
roughness that agree with AFM data. For the 180 and 930
nm thick films, XRR was not able to resolve thickness
oscillations and, as such, selective etching and AFM
profilometry of a companion film, grown in the same growth
as the thermally characterized films, were used to determine
the thickness.
Our thermal measurements were carried out using time

domain thermoreflectance (TDTR), a technique that is
described in detail elsewhere.31,39,40 We first measure a piece
of the same GaN on sapphire wafer on which the ZnO films
were grown in order to measure both the GaN/sapphire TBC
as well as the thermal conductivity, κ, of the GaN. We measure
κGaN = 159 ± 12 W m−1 K−1, in line with previous
measurements of high quality GaN with thickness of
∼1 μm.41 These values are used in all subsequent analyses
discussed below and has the effect of reducing the number of
unknowns in our analysis to three: hK,Al/ZnO, κZnO, and
hK,ZnO/GaN. In order to determine the thermal conductivity of
our ZnO, we measure a 930 nm thick film. This thickness
ensures we are only sensitive to the thermal conductivity of the
ZnO and hK,Al/ZnO, and not to hK,ZnO/GaN. The thick ZnO film
yields a thermal conductivity of κZnO = 53.4 ± 4 W m−1 K−1,
similar to values found in literature for high quality ZnO (refs
42−44) and in line with recent computational work.45 Both
the GaN control and thick ZnO thermal conductivity were
independently tested and verified via TDTR at the University
of Virginia and Georgia Institute of Technology. It should be
noted there are a host of lower literature values for thin film
ZnO that are highly influenced by the microstructural features
present in the films, namely the presence of grain boundaries,
which may act as phonon scattering sites.46,47

In order to obtain hK,ZnO/GaN, we test films with thickness of
180 and 95 nm. Taking κZnO from the thick film leaves us with
two unknown parameters in the thermal model, hK,ZnO/GaN and
hK,Al/ZnO, which we can determine by fitting hK,Al/ZnO with the
in-phase signal, Vin, and hK,ZnO/GaN with the ratio of − Vin/Vout.
We iterate these values into the opposing thermal models until

Figure 1. (a) XRD patterns for ZnO grown on GaN with various
thicknesses, (b) AFM data for 95 nm of ZnO, (c) AFM data for the
bare GaN wafer, and HRTEM images at the ZnO/GaN interface for
the 180 nm (d) and 95 nm (e) ZnO samples where the dotted yellow
line in both (d,e) denotes the ZnO/GaN interface.
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symbols). Similarly, Wilson and Cahill measured the highest 
ever reported hK for a solid/solid interface (≈12.1 GW m−2 K−1) 
for a Pd/Ir interface at room temperature (solid red squares). 
Cheaito et al.[36] also reported large conductances for Cu/Nb 
interfaces as shown in Figure 12 (hollow blue squares). While 
all of these studies report ultrahigh values of hK, they also report 
a linear increase in hK with temperature. They explain this linear 
trend through the DMM for electrons given as[36]

1
4

ee,1 2 1 2 e,1 F,1 1 2
1ζ ζ= = ∂

∂→ → →h C v
q
T  

(7)

where Ce,1 is the electronic heat capacity of the metal given 
as[191] ( /3) ( )e,1

2
F B

2π ε=C D k T , where kB is Boltzmann’s constant, 
q1 is the electronic flux on side 1, and ζ1 → 2 is given by[37]

1 2
F,2 F,2

F,2 F,2 F,1 F,1

ζ ε
ε ε

( )
( ) ( )=

+→
D v

D v D v  
(8)

where D(εF) is the density of states at the Fermi level and vF is 
the Fermi velocity. Figure 12 shows the calculations of the elec-
tronic DMM, which agrees qualitatively well with the experi-
mental data and the temperature trends of the experimental data 
for the three metal/metal interfaces. As the electronic DMM is 
based on the electron flux in the metals, the fact that the con-
ductance across various metal/metal interfaces can be well pre-
dicted by simple considerations of the electronic DMM could 

lead to the engineering of interfaces with tailored hee designed 
by simplistic arguments based on electronic flux and the elec-
tronic heat capacity of the metals comprising the interface.

Although the energy exchange at metal/metal interfaces 
appears simplistic from an analytical perspective, the picture 
of energy transfer at a metal/nonmetal interfaces becomes 
convoluted by the addition of different energy pathways. As 
proposed by Majumdar and Reddy,[192] the possible pathways 
for heat conduction that can occur at metal/nonmetal inter-
faces are shown in Figure 13a. These pathways are i) metal 
electron–metal phonon coupling at the metal/nonmetal inter-
face (he−mp), ii) phonon–phonon coupling across the interface 
(hp−p), and iii) metal electron–nonmetal phonon coupling 
directly across the interface (he−nmp). At a metal/nonmetal 
interface, electronic contributions to interfacial conductance 
have been mostly suggested to be nonexistent under equilib-
rium conditions.[19,34,63,70,71,193,194] The interest in this topic was 
triggered by the seminal work from Stoner and Maris where 
they reported measurements of hK between a series of metals  
and nonmetals to which they compared with various phonon–
phonon interface models and found discrepancies between 
theory and experiments.[30] This led Huberman and Over-
hauser, Sergeev, and more recently Mahan to propose theo-
retical models of he−nmp channel to explain the experimental 
results.[195–198]

Since Stoner and Maris’ experimental results, Lyeo and 
Cahill have shown that Pb and Bi, which have similar phonon 
spectrums yet different electronic densities around their 

Adv. Funct. Mater. 2019, 1903857

Figure 13. a) Schematic representation of pathways for interfacial heat flow for a metal/nonmetal interface. The electron–phonon coupling in the bulk 
of the metal presents a resistance in series with the phonon–phonon coupling across the interface. Electrons can also directly transfer their energy 
across the interface to the phonons on the nonmetal side. b) TDTR data taken from Giri et al.[70] showing the response of 40 nm Au deposited on various 
substrates with a thin Ti adhesion layer. The TDTR signal decays rapidly for the first few picoseconds after laser pulse absorption due to electronic 
relaxation in the metal. This is followed by a slow rise in the TDTR signal that is attributed to the heat flow from the Ti layer to the Au layer as most of 
the laser energy is first deposited in the Ti layer with the relatively higher electron–phonon coupling factor. The longer time regime corresponds to the 
heat flow across the interface and the diffusion of energy into the substrate.
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Figure 1 | Doping- and temperature-dependent properties of CdO:Dy. a, Transport data for CdO:Dy grown on MgO(100) substrates summarizing carrier
concentration (cm⇥3), carrier mobility (µ) and conductivity (" ) as a function of dysprosium concentration. b, Temperature-dependent sheet carrier
concentration (ns) as a function of [Dy] for CdO:Dy grown on MgO(100) substrates. c, Temperature-dependent resistivity (! cm) as a function of [Dy]
grown on MgO(100) substrates. d, Residual resistivity ratio, measured thermal conductivity (�t) and theoretical values for the electron contribution to
thermal conductivity (�e) calculated using the Wiedemann–Franz law for CdO:Dy grown on MgO(100) substrates as a function of Dy concentration.

high-mobility material at carrier concentrations that establish
plasma frequencies in the mid-infrared (ne >1020 cm⇥3), which is a
recognized challenge for conventional semiconductors.

In 1969, it was shown that combinations of mobility and carrier
density approaching the needs of mid-infrared plasmonics can
be achieved in intrinsic CdO single crystals17. Vacant oxygen
sites, the preferred native defect in CdO, were the source of
carriers and were modulated by reducing anneals. However, precise
and reproducible control of electrical transport by reduction is a
challenge, particularly considering the proximity in temperature
and pressure to conditions that destabilize the entire crystal. It is
thus reasonable to expect that doping with the correct aliovalent
cation may enable further optimization. To explore this hypothesis,
we developed a plasma-assisted molecular-beam epitaxy method to
synthesize Dy-doped CdO. In a CdO host, Dy populates the Cd
sublattice with a 3+ charge, and thus acts as an electron donor. The
initial experiment produced four dopant series of epitaxial layers,
each on a di�erent substrate, thus o�ering a range of orientation
and mismatch possibilities.

Room-temperature transport properties for a doping series of
CdO:Dy grown on MgO(100) substrates are shown in Fig. 1a. Two
trends are of particular interest. First, the free-electron concen-
tration is directly proportional to the dysprosium content, and an
n-type doping range spanning 5�1019–1�1021 cm⇥3 is accessible.
Second, the free-carriermobility increases withDy doping, reaching
a maximum of almost 500 cm2 V⇥1 s⇥1 at 5� 1019 cm⇥3. After this
point, mobility falls steadily until the solubility limit is reached at
5�1021 cm⇥3. This mobility dependence was observed qualitatively

on three additional substrates (MgO(111), GaN(002) and Al2O3
(006)—see Supplementary Figs 1–3), and in each case the same 3–5
times increase in mobility was found. X-ray di�raction analysis of
CdO(002) rocking curves shows no dependence onDy content until
phase separation (see Supplementary Figs 4 and 5). Consequently,
crystalline disorder cannot explain this unusual mobility trend.

To understand this dependency, we consider the defect equilibria
within the CdO–Dy system as described by the intrinsic and
extrinsic defect reactions:

CdCd
x +OO

x 1(CdCd
x +VO

·· +2n+ 1
2
O2(g) (1)

Dy2O3
CdO⇥)2DyCd · +2OO

x +2n+ 1
2
O2(g) (2)

CdO is an intrinsic n-type semiconductor, in which electrons
originate from doubly ionized O vacancies (equation (1)). The
carrier density depends on the ratio of the O-vacancy formation
energy to kBT . Aliovalent cations, such as Dy, populate the Cd
sublattice and act as extrinsic donors (equation (2)). The interplay
between the two reactions and their cooperative equilibration is
the key to understanding the present mobility trend. Dy doping
pins the extrinsic electron concentration (ne) in proportion to its
molar fraction. This is established by flux ratios during growth. The
intrinsic reaction is now forced to equilibrate in the presence of a
potentially large ne. By Le Chatelier’s principle, the intrinsic defect
reaction will be driven to the reactant side, which in turn lowers the
concentration of O vacancies.
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Dysprosium-doped cadmium oxide as a gateway
material for mid-infrared plasmonics
Edward Sachet1, Christopher T. Shelton1, Joshua S. Harris1, Benjamin E. Gaddy1, Douglas L. Irving1,
Stefano Curtarolo2*, Brian F. Donovan3, Patrick E. Hopkins4, Peter A. Sharma5, Ana Lima Sharma5,
Jon Ihlefeld5, Stefan Franzen6 and Jon-Paul Maria1*

The interest in plasmonic technologies surrounds many emergent optoelectronic applications, such as plasmon lasers,
transistors, sensors and information storage. Although plasmonic materials for ultraviolet–visible and near-infrared
wavelengths have been found, the mid-infrared range remains a challenge to address: few known systems can achieve
subwavelength optical confinement with low loss in this range.With a combination of experiments and ab initiomodelling, here
we demonstrate an extreme peak of electron mobility in Dy-doped CdO that is achieved through accurate ‘defect equilibrium
engineering’. In so doing, we create a tunable plasmon host that satisfies the criteria for mid-infrared spectrum plasmonics,
and overcomes the losses seen in conventional plasmonic materials. In particular, extrinsic doping pins the CdO Fermi level
above the conduction band minimum and it increases the formation energy of native oxygen vacancies, thus reducing their
populations by several orders ofmagnitude. The substitutional lattice strain induced byDy doping is su�ciently small, allowing
mobility values around 500 cm2 V�1 s�1 for carrier densities above 1020 cm�3. Our work shows that CdO:Dy is a model system
for intrinsic and extrinsic manipulation of defects a�ecting electrical, optical and thermal properties, that oxide conductors
are ideal candidates for plasmonic devices and that the defect engineering approach for property optimization is generally
applicable to other conducting metal oxides.

P lasmonic phenomena in the mid-infrared o�er an exciting
complement to established plasmonic technologies that
operate in the ultraviolet–visible to near-infrared energies.

High-value-added applications enabled by mid-infrared operation
range from targeted chemical sensing, thermography, heat
harvesting and heat-assisted magnetic data recording to light
emitters such as quantum cascade lasers. Gold and silver are the
most common plasmonic conductors. However, they are lossy
resonators in the mid-infrared (owing to their high electron
concentration and inter-/intraband transitions1) and their carrier
concentrations cannot be tuned. Consequently, they are not
appropriate for this lower-energy spectral range.

The urgency for a low-loss, easy-to-manufacture and abundant
material exhibiting high-quality plasmon resonance in the
mid-infrared range has been raised with insistence2–5. Until now, a
solution has not been found. In this work, we present the conductive
metal oxide (CMO) dysprosium-doped cadmium oxide (CdO:Dy)
as the first gateway material for infrared plasmonics. Although
CMOs such as indium tin oxide and aluminium-doped zinc
oxide exhibit plasmon resonance in mid-infrared energies and are
tunable, their utility is limited by consistently low mobility values.
Graphene and patterned graphene structures support various
plasmon modes in the mid-infrared6,7; however, performance
is limited to wavelengths >6.5 µm owing to scattering with
optical phonons8. Highly doped semiconductors such as n-InAs
have been reported to support low-loss plasmons, but doping

limits below 1⇥1020 cm�3 restrict such materials for longer-
wavelength applications (>5.4µm; refs 9,10). While semiconductor
metasurfaces that couple to infrared light are of interest for
plasmonics, e�orts so far are still nascent11. We demonstrate
in CdO how defect equilibria can be actively manipulated to
achieve a combination of values for mobility and carrier density in
donor-doped crystals that are often considered mutually exclusive.
This combination enables high-quality factor plasmons in the
mid-infrared. In addition, a comprehensive and self-consistent
model explaining the electrical, optical and thermal properties of
CdO is introduced.

CMOs are an ideal class ofmaterials for lower-energy plasmonics
as they do not exhibit interband transitions in themid-infrared. The
optical properties can be described using a lossy Drude electron
plasma model with a complex dielectric function12–16

"="1 + i"2 ="1 �
!2

p

!(!+ i� )

Here, "1 + i"2 is the dielectric function, "1 is the high-frequency
limit of permittivity, !p is the plasma frequency (proportional
to the free-carrier concentration) and � is the damping factor
describing the scattering and ohmic losses (Supplementary
Information). When mobility increases, losses ("2) are reduced, and
the model predicts enhanced plasmonic performance. Following
this relationship, one recognizes immediately the need for a
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Figure S1. a) TDTR measurements with TTM fits for 15 nm Au on 100 nm Y:CdO at various dopant/carrier

concentrations of the CdO film. The only fitting parameter of these calculations is the interfacial thermal

resistance of the electronic subsystem. b) TTM-calculated electron temperatures near the Au/CdO interface

within the first few picoseconds following optical excitation of the Au. c) TTM-calculated temperature gra-

dient of the electronic subsystem at select times following optical excitation of the Au film. At time scales

comparable to the observed non-equilibrium in our TDTR measurements, the system relaxation follows that

as expected by Fourier Law.

Figure S2. Density of states of the Au/CdO system showing contributions of Au, Cd and O atoms. The

Fermi energy is set to 0 eV. The Au Fermi level falls within the bandgap and is closer to the CdO conduction

band than valence band.
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• Energy easily transmitted across Au/doped CdO interface when out of 
equilibrium with phonons, like metal/metal

• This “ballistic thermal injection” is different than charge injection
LETTERS NATURE NANOTECHNOLOGY

interface with a relatively negligible charge transfer, which we refer 
to as ballistic thermal injection (BTI). Schematics of the typically 
assumed charge-injection process and our proposed BTI process are 
shown in Fig. 1a,b, respectively.

In addition to the unique ability to separate energy and charge 
transfer processes, doped CdO is a model mid-infrared plas-
monic material that supports free electron densities on the order 
of 1019–1021 cm−3 while maintaining high electron mobilities of 
300–500 cm−2 V−1 s−1 (refs. 14–16). These electronic properties enable 
strong, sharp and resonant light–matter interactions at mid- to 
near-infrared frequencies. As in other plasmonic materials, these 

resonances are highly sensitive to local changes in the electronic 
environment, which include electron density, effective mass and 
dielectric constant. A key difference here is that, rather than prob-
ing the surface and environment-sensitive surface plasmon polari-
tons, as is common in thin-film metallic plasmonics, we optically 
monitored the resonant radiative bulk epsilon-near-zero (ENZ) 
mode (also known as the Brewster mode) of the CdO after the opti-
cal excitation of the Au film. Our sample geometry was especially 
convenient for this experiment, as the Au film also acted as a mir-
ror that enhanced the free-space coupling of the ENZ mode, which 
allowed us to monitor the reflectivity of the CdO/Au heterostruc-
ture from the backside through a transparent substrate. Owing to 
the high electronic mobility of our Y:CdO, the ENZ mode mani-
fested as a sharp resonant dip in the reflectivity (that is, an absorp-
tion peak), which made it straightforward to resolve changes in the 
optical behaviour. This scheme provides high sensitivity to the spa-
tial distribution of electronic energy in the semiconductor as well as 
its temporal evolution after energy transfer from the metallic film; a 
schematic of this measurement technique and the sample configu-
ration is shown in Fig. 1c, and greater detail can be found in the 
Supplementary Information. In the following, we demonstrate the 
long-lived modulation of the CdO ENZ mode after Au excitation, 
and show that this modulation can be explained by the BTI process 
and not by a charge transfer mechanism.

To gain initial insight into the hot-electron dynamics at the 
Au/CdO interface, and ensure our hypothesis of BTI can occur in 
these systems, we first performed time-domain thermoreflectance 
(TDTR) measurements17,18 on the Au/CdO samples supported by 
sapphire (Al2O3) substrates, in which both the pump and probe 
were focused on the top Au film/air interface. These measurements 
allowed us to quantify the ultrafast energy flow across the Au/CdO 
and CdO/substrate interfaces and assess the timescales of thermal 
transport at each interface. A description to provide a concep-
tual understanding of the ultrafast TDTR data is provided in the 
Supplementary Information and Supplementary Fig. 1.

Our TDTR measurements (Fig. 2a) on the 15 nm Au/100 nm CdO 
films display the signature ‘back-heating’ from subsurface 
energy deposition and transient thermal diode effects from the 
more-efficient ballistic injection of energy across an interface than 
that of diffusive flow of heat towards the surface. This indicates that 
hot electrons in the Au transferred their energy to free electrons in 
the CdO at ultrafast timescales17,19. Conversely, when a thin 15 nm 
dielectric HfO2 layer was placed between the Au and CdO, this 
energy transfer process was inhibited and no signs of back-heating 
or transient diode effects were observed. This observation also rules 
out any possibility that the pump beam directly excites the CdO 
film and is the cause for subsurface heating or optically spurious 
signals, as the HfO2 is optically transparent to the pump wavelength. 
It also confirms our posit that this 15-nm dielectric barrier, which 
limits the electron wavefunction overlap between Au and CdO, will 
inhibit thermal energy transduction across the Au/CdO interface.

As mentioned, interpreting the spectroscopic characteristics in 
typical pump–probe experiments, such as TDTR, can be quite dif-
ficult, as several mechanisms can lead to nearly identical signatures. 
In both metal/metal and Au/CdO heterostructures, there are two 
potential mechanisms for subsurface heating at ultrafast timescales: 
charge injection and our proposed BTI process. In both situations, 
an ohmic contact between the two materials with a high carrier den-
sity may lead one to expect facile charge injection into the under-
lying metal or, in our case, the degenerately doped semiconductor 
CdO. In this case, the injected electron would eventually decay 
within the CdO via electron–phonon coupling and induce a subsur-
face temperature rise. Contrarily, the back-heating signatures could 
result from BTI without any concomitant charge flow: optically 
deposited energy ballistically traverses Au’s electronic subsystem to 
reach the interface, where it efficiently couples energy directly to the 
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Fig. 1 | Proposed mechanism of interfacial energy transfer and 
experimental schematic. a, Hot electron injection: the process typically 
assumed to occur at metal/semiconductor interfaces after photoexcitation 
of the metallic contact. In this case, hot electrons are first generated in the 
Au (1). At sufficiently high electron temperatures, the electrons traverse the 
interface and add charge to the conduction band (CB) of the semiconductor 
(2). b, Ballistic thermal injection (BTI): our proposed process for metal/
semiconductor interfaces after an ultrafast excitation of the metal contact. 
This mechanism relies on hot-electron generation in the metal (1); prior to 
the electron–phonon coupling (less than a couple of picoseconds), energy 
propagates ballistically towards the metal/semiconductor interface. The 
electron energy front reaches the interface, whereby the electrons transfer 
their energy (2), rather than charge, to the pre-existing free electrons in 
the semiconductor’s conduction band. The pre-existing semiconductor’s 
electrons are now at an elevated temperature (see electron temperature 
profile in c, depicted by the purple and blue curves), and are promoted 
to elevated states in the conduction band (3) (for example, intraband 
excitations). Note that the scattering processes after either charge injection 
or the proposed BTI energy transfer mechanism, such as hot electron–
electron scattering, are excluded for clarity. c, Schematic of our ultrafast 
ENZ experiment to spatially resolve the electron energy distribution after 
the potential injection processes. The 520!nm pump beam excites the Au 
surface at the Au/air interface, and a subpicosecond probe pulse monitors 
the ENZ mode of a thin Y:CdO film. EF, Fermi energy; MIR, mid-infrared;  
Te, electron temperature; VB, valence band.
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symbols). Similarly, Wilson and Cahill measured the highest 
ever reported hK for a solid/solid interface (≈12.1 GW m−2 K−1) 
for a Pd/Ir interface at room temperature (solid red squares). 
Cheaito et al.[36] also reported large conductances for Cu/Nb 
interfaces as shown in Figure 12 (hollow blue squares). While 
all of these studies report ultrahigh values of hK, they also report 
a linear increase in hK with temperature. They explain this linear 
trend through the DMM for electrons given as[36]

1
4

ee,1 2 1 2 e,1 F,1 1 2
1ζ ζ= = ∂

∂→ → →h C v
q
T  

(7)

where Ce,1 is the electronic heat capacity of the metal given 
as[191] ( /3) ( )e,1

2
F B

2π ε=C D k T , where kB is Boltzmann’s constant, 
q1 is the electronic flux on side 1, and ζ1 → 2 is given by[37]

1 2
F,2 F,2

F,2 F,2 F,1 F,1

ζ ε
ε ε

( )
( ) ( )=

+→
D v

D v D v  
(8)

where D(εF) is the density of states at the Fermi level and vF is 
the Fermi velocity. Figure 12 shows the calculations of the elec-
tronic DMM, which agrees qualitatively well with the experi-
mental data and the temperature trends of the experimental data 
for the three metal/metal interfaces. As the electronic DMM is 
based on the electron flux in the metals, the fact that the con-
ductance across various metal/metal interfaces can be well pre-
dicted by simple considerations of the electronic DMM could 

lead to the engineering of interfaces with tailored hee designed 
by simplistic arguments based on electronic flux and the elec-
tronic heat capacity of the metals comprising the interface.

Although the energy exchange at metal/metal interfaces 
appears simplistic from an analytical perspective, the picture 
of energy transfer at a metal/nonmetal interfaces becomes 
convoluted by the addition of different energy pathways. As 
proposed by Majumdar and Reddy,[192] the possible pathways 
for heat conduction that can occur at metal/nonmetal inter-
faces are shown in Figure 13a. These pathways are i) metal 
electron–metal phonon coupling at the metal/nonmetal inter-
face (he−mp), ii) phonon–phonon coupling across the interface 
(hp−p), and iii) metal electron–nonmetal phonon coupling 
directly across the interface (he−nmp). At a metal/nonmetal 
interface, electronic contributions to interfacial conductance 
have been mostly suggested to be nonexistent under equilib-
rium conditions.[19,34,63,70,71,193,194] The interest in this topic was 
triggered by the seminal work from Stoner and Maris where 
they reported measurements of hK between a series of metals  
and nonmetals to which they compared with various phonon–
phonon interface models and found discrepancies between 
theory and experiments.[30] This led Huberman and Over-
hauser, Sergeev, and more recently Mahan to propose theo-
retical models of he−nmp channel to explain the experimental 
results.[195–198]

Since Stoner and Maris’ experimental results, Lyeo and 
Cahill have shown that Pb and Bi, which have similar phonon 
spectrums yet different electronic densities around their 

Adv. Funct. Mater. 2019, 1903857

Figure 13. a) Schematic representation of pathways for interfacial heat flow for a metal/nonmetal interface. The electron–phonon coupling in the bulk 
of the metal presents a resistance in series with the phonon–phonon coupling across the interface. Electrons can also directly transfer their energy 
across the interface to the phonons on the nonmetal side. b) TDTR data taken from Giri et al.[70] showing the response of 40 nm Au deposited on various 
substrates with a thin Ti adhesion layer. The TDTR signal decays rapidly for the first few picoseconds after laser pulse absorption due to electronic 
relaxation in the metal. This is followed by a slow rise in the TDTR signal that is attributed to the heat flow from the Ti layer to the Au layer as most of 
the laser energy is first deposited in the Ti layer with the relatively higher electron–phonon coupling factor. The longer time regime corresponds to the 
heat flow across the interface and the diffusion of energy into the substrate.

?

grating [Fig. 1(d)],

kSP ¼ k0 sin (θ)þ
2mπ
d

, (4)

where d is the grating period and m is an integer. This is essen-
tially a form of Bragg scattering—light interacts with the grating,
coupling into diffractive modes, which results in a slowing of the
light propagation. In all of these approaches by changing the
angle of incidence θ, the momentum at a given incident fre-
quency can be tuned to match the momentum offset between
free-space light and the polariton mode [see Fig. 1(a)]. The final
method of exciting surface polaritons is by coupling free-space light
to subwavelength particles [Fig. 1(e)], where the additional momen-
tum is provided by Mie scattering from the small particle size.18 This
is visualized for spherical particles in Fig. 1(e), but is generally
observed in a range of resonant nanoparticle geometries fabricated
via top-down58–60 or bottom-up approaches.61 Note that in this case
we are generally exciting localized polaritons, as opposed to the
propagating modes excited via prism or grating coupling. The result
is the formation of a resonant antenna that can be deeply subdiffrac-
tional in scale, with the resonant frequency determined by the shape
and size of the structure. Therefore, by plotting the resonant fre-
quency as a function of nanoparticle size and/or shape, the surface
polariton dispersion can again be extracted, analogous to Fig. 1(a).
Nanoparticle scattering is also the methodology behind the stimula-
tion of polaritons within the near-field optical microscopy tech-
niques, which will be covered later in this tutorial. While the above
description describes any polaritonic system (including those in both
visible and infrared), the IR poses a unique set of challenges when

compared to the near-IR or visible including the longer free-space
wavelengths, associated window materials, detectors, and sources.

The remainder of this tutorial article will introduce the appro-
priate measurement techniques, beginning with FTIR spectroscopy,
the predominant method for collecting spectra within the MIR to
FIR. We will then highlight methods for measuring spectra from
smaller regions of interest including FTIR microscope operation
and nano-FTIR and scanning optical probe techniques. We follow
this up by discussing the additional challenges associated with such
measurements in the FIR. Building upon this introduction, we then
provide a few key examples where some of these techniques have
been implemented previously in the literature.

III. MEASUREMENT TECHNIQUES

In this section of the tutorial, we aim to describe the variety of
experimental techniques which can be employed to excite, measure,
characterize, and investigate polaritonic materials in the MIR to
FIR, summarized in Table I. We begin by discussing the workhorse
of IR spectroscopy, the FTIR, which can be used to characterize the
IR optical properties of bulk materials over large areas and broad
spectral bands. However, traditional FTIR spectroscopy is not
always suitable for probing ultrathin films, small areas, or singular
features. Moreover, without coupling mechanisms capable of
momentum-matching incident light from the broadband source of
the FTIR, direct measurement of polaritonic modes is not possible.
For this reason, we extend our discussion of FTIR spectroscopy to
cover the attenuated total reflectance (ATR) technique, which is
capable of probing weakly absorbing thin films and modes with
momenta larger than that of free-space light. We also discuss FTIR
microscopy for spectroscopic probing of small (but still diffraction-

FIG. 1. Surface polariton dispersion and coupling, adapted from Folland and Caldwell, in Quantum Nano-Photonics, edited by B. Di Bartolo, L. Silvestri, and M. Cesaria
et al. (Springer Netherlands, Dordrecht, 2018), p. 235. (a) The dispersion relationship for electromagnetic waves in a polar semiconductor, highlighting the region between
ωTO and ωLO which supports surface phonon polaritons. (b)–(e) Due to the momentum mismatch between free-space light and polaritons, methods to probe them require
this mismatch to be overcome. This can be realized by coupling light to the polaritonic medium through a high-index prism in either the (b) Kretschmann or (c) Otto config-
urations, by (d) imparting higher momentum through grating coupling or (e) through nanostructuring of the polaritonic medium, resulting in sub-diffractional resonant
cavities.
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• Light couples with electric dipole creating 
quasiparticle

• At IR wavelengths: Phonon polariton!
• PhP quasiparticles can propagate at ~1% 

of the speed of light!
• Prior evidence of thermal conductivity 

enhancement during excitation of PhPs
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onances at far-infrared wavelengths. In contrast to the
strong dispersive e!ects near TO phonon frequencies, the
refractive index at longer wavelengths is primarily gov-
erned by the low-frequency dielectric response, which is
relatively stable with temperature. As a result, materials
in this range exhibit weak optical perturbations, leading
to smaller reflectivity variations under thermal excita-
tion.

The computed thermoreflectance coe”cient (dR/dT )
for the tested dielectrics is calculated from the complex
refractive indices at di!erent temperatures, as presented
in Fig. 3. Our results indicate that thermoreflectance is
highly sensitive to optical phonon resonances, with the
largest dR/dT values occurring near TO phonon frequen-
cies. As shown in Fig. 3, the tested polar dielectric sam-
ples exhibit pronounced thermoreflectance peaks, where
strong phonon absorption modulates both the refractive
index and extinction coe”cient.

These results confirm that phonon-driven modulations
dominate thermoreflectance in these dielectrics. The
high sensitivity of the refractive index to temperature
fluctuations results in a large thermoreflectance coe”-
cient. This e!ect arises from both the steep disper-
sion of the refractive index and the rapid modulation
of optical absorption, which directly influences reflectiv-
ity. Therefore, wavelengths close to TO phonon modes
exhibit enhanced thermoreflectance sensitivity, making
them optimal for high-precision thermometry. As the
material becomes optically transparent or weakly absorb-
ing, dn/dT and dk/dT are relatively small, leading to a
lower thermoreflectance response. In this regime, reflec-
tivity changes primarily depend on background dielec-
tric behavior, i.e. ω→ in Eq. 2, which varies weakly with
temperature. This observation extends to all materials
in the test set, reinforcing the importance of selecting
appropriate spectral regions when designing thermore-
flectance experiments. By choosing probe wavelengths
that align with TO phonon resonances, one can maxi-
mize the thermoreflectance coe”cient, thereby improv-

ing the signal-to-noise ratio and enhancing sensitivity in
thermal characterization techniques. At these peak wave-
lengths, dR/dT for these dielectrics in the mid-infrared
range surpasses that for commonly used metallic trans-
ducers [15]. Specifically, the thermoreflectance coe”-
cients of sapphire, quartz, and AlN exceed the high-
est values reported for metallic transducers by about
an order of magnitude, reaching peak |dR|/dT values of
0.0026, 0.0017, and 0.0021 K↑1 near their correspond-
ing TO phonon wavelengths of →21, →26, and →11 µm,
respectively. In comparison, the thermoreflectance coef-
ficient values for metal transducers reported in Ref. [15]
do not exceed 2.5↑ 10↑4 K↑1. This highlights the supe-
rior sensitivity for thermal measurements shown in polar
dielectrics. Moreover, unlike metals, which rely on inter-
band electronic transitions for reflectivity modulation, di-
electrics allow precise selection of probe wavelengths to
maximize thermoreflectance based on phonon dispersion.
The narrow, resonance-driven thermoreflectance peaks in
dielectrics enable targeted thermal sensing applications,
whereas metals exhibit broader, less selective responses.
While our results demonstrate that thermoreflectance

is maximized near TO phonon resonances, the overall ef-
fectiveness of a transducer is not solely determined by
the magnitude of #R/#T at the probe wavelength. For
a transducer to e”ciently generate a detectable signal, it
must also exhibit strong absorption at the pump wave-
length, ensuring su”cient optical-to-thermal energy con-
version. Thus, the optimization of transducer perfor-
mance requires a combined evaluation of both thermore-
flectance sensitivity and pump light absorption. To sys-
tematically quantify this trade-o!, we introduce a fig-
ure of merit (FOM) that integrates both factors, pro-
viding a comprehensive metric for assessing transducer
e”ciency across di!erent materials and spectral regions.
This FOM is expressed as:

FOM = k(εpump) ↓
#R

#T
(εprobe) (3)

FIG. 3. Thermoreflectance coe!cients extracted from infrared spectroscopic ellipsometry for (a) quartz, AlN, sapphire, and
(b) HPFS, SiC, GaN, MgO.
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IR pump-probe using phonon thermoreflectane

• Heating of Au pad will indirectly heat hBN
• Two heat transfer pathways across Au/hBN 

interface: phonon-phonon, NFRT from Au to 
hBN via coupling with hBN phonon polaritons
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on our thermoreflectance signal clearly illustrates that the underlying 
Si substrate is not playing any meaningful role, as even though it will 
absorb the pump photons, it does not induce a strong transient spectral 
response, further demonstrated by supplemental spectral measure-
ments on identical Si substrates (Supplementary Fig. 5).

The observation of a strong thermoreflectance signal within the 
Reststrahlen band at picosecond timescales indicates the role that 
HPhPs play in this thermal dissipation process. As evidence of this, 
when we tune our probe energy to frequencies above the Reststrahlen 
band of hBN following the pumping of the adjacent gold pad, we see 
minimal temporal changes in the probe thermoreflectance signal 
(Fig. 1c,e, dashed vertical lines designating the TO phonon mode and 
the surrounding active region). However, as the probe energy is tuned 
to energies within the Reststrahlen band, the thermoreflectance signal 
exhibits large increases in the thermoreflectance that is maximized 
at the earliest times, indicative of large optical phonon temperature 
changes53 (with an additional peak at the TO phonon energy; Fig. 1e, 
dark vertical dashed line). This considerable increase in thermoreflec-
tance drops at frequencies below the TO phonon, with the broadening 

below this band potentially owing to the deeply subwavelength modes 
that can also be stimulated in hBN due to the exceptionally high refrac-
tive index within this spectral range, as previously discussed for Mie 
resonators in 4H-SiC nanopillars54. The hBN dielectric function does 
not vary with thickness in this spectral region55,56. To support this posit, 
similar observations were made when we performed measurements 
on hBN flakes with varying thicknesses ranging between 89 nm and 
195 nm, an example of which is presented in Supplementary Fig. 6, and 
as expected, no size effects are observed.

The sample was constructed such that only ~6% of the probed 
region is covered with gold (Fig. 1b), effectively diminishing any effect 
that it might have on the measured thermoreflectance. Yet we observe 
a spectrally local thermal event occurring in the Reststrahlen band of 
hBN. Our lock-in detection scheme isolates any optical effects of the 
probe. Further, the polaritonic modes in the hBN cannot be launched 
directly owing to the lack of a momentum-matching condition from 
the 520 nm pump. Owing to the long time constant of phonon conduc-
tion (thousands of picoseconds) compared with the decay time of our 
observed modal heating, we posit that the Au-to-hBN interfacial heat 
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Fig. 1 | Experimental details and spectral-temporal response of HPhP 
modes in hBN. a, Illustration of the proposed mechanism and experimental 
measurement. A pump pulse (520 nm) heats a gold pad, while a subpicosecond 
tunable mid-IR probe pulse measures the modulated reflectivity response of 
the hBN patterned flake. After pulse absorption in the Au, both phonons and 
ballistic electrons spread from the hot spot in the Au, depicted by the small blue 
particles and the background waves emanating from the hot spot. Radiation 
from the hot electrons (red arrows) escapes and couples into the HPhP modes 
of hBN (pump and probe spot sizes not to scale). b, The sample geometry. The 
reliefs in the image show the position of Au excitation pads used for both s-SNOM 
characterization (Methods), as well as thermal HPhP launching. c, The measured 
thermoreflectance signal of the 116-nm hBN flake as a function of probe energy 
and pump–probe delay time for an incident pump fluence of 95.5 J m−2. The 
strong ∆R/R response within the Reststrahlen band (indicated by the span of the 

dotted lines) and near the TO phonon frequency of hBN shows the high thermal 
activity within the region that can be attributed to ultrafast heating from near-
field radiation emitted by the Au pad. d, For reference, a similar pump fluence of 
an uncoated (no Au) hBN flake is provided, noting that in this case, no temporal 
thermoreflectance response is observed within the range of the hBN Reststrahlen 
band, illustrating the critical role of the Au pad as a thermal transducer in this 
experiment. The dark band that appears in the middle of the blank hBN contour 
is attributed to polymethyl methacrylate residue, a photo-resistive polymer 
in the lithographic patterning process. e, Waterfall plots of the data shown in c 
at a variety of pump–probe time delays (80–2,030 ps) following transient Au 
heating, indicating more clearly the ultrafast optical response surrounding the 
TO phonon mode and within the hBN Reststrahlen band (indicated by the span of 
the dotted lines).
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thermoreflectance signal clearly illustrates that the underlying Si sub-
strate is not playing any significant role, as even though it will absorb 
the pump photons, it does not induce a significant transient spectral 
response, further demonstrated by supplemental spectral measure-
ments on identical Si substrates (Supplementary Fig. 5).

The observation of a strong thermoreflectance signal within the 
Reststrahlen band at picosecond timescales indicates the role that 
HPhPs play in this thermal dissipation process. As evidence of this, 
when we tune our probe energy to frequencies above the Reststrahlen 
band of hBN following the pumping of the adjacent gold pad, we see 
minimal temporal changes in the probe thermoreflectance signal 
(Fig.!1c,e, dashed vertical lines designating the TO phonon mode and 
the surrounding active region). However, as the probe energy is tuned 
to energies within the Reststrahlen band, the thermoreflectance signal 
exhibits large increases in the thermoreflectance that is maximized 
at the earliest times, indicative of large optical phonon temperature 
changes53 (with an additional peak at the TO phonon energy; Fig.!1e, 
dark vertical dashed line). This significant increase in thermoreflec-
tance drops at frequencies below the TO phonon, with the broadening 

below this band potentially owing to the deeply subwavelength modes 
that can also be stimulated in hBN due to the exceptionally high refrac-
tive index within this spectral range, as previously discussed for Mie 
resonators in 4H-SiC nanopillars54. The hBN dielectric function does 
not vary with thickness in this spectral region55,56. To support this posit, 
similar observations were made when we performed measurements 
on hBN flakes with varying thicknesses ranging between 89"nm and 
195"nm, an example of which is presented in Supplementary Fig. 6, and 
as expected, no size effects are observed.

.

m

The sample was constructed such that only ~6% of the probed 
region is covered with gold (Fig.!1b), effectively diminishing any effect 
that it might have on the measured thermoreflectance. Yet we observe a 
spectrally local thermal event occurring in the Reststrahlen band of hBN. 
Our lock-in detection scheme isolates any optical effects of the probe. 
Further, the polaritonic modes in the hBN cannot be launched directly 
owing to the lack of a momentum-matching condition from the 520"nm 
pump. Owing to the long time constant of phonon conduction (thou-
sands of picoseconds) compared with the decay time of our observed 
modal heating, we posit that the Au-to-hBN interfacial heat transfer 
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Fig. 1 | Experimental details and spectral-temporal response of HPhP 
modes in hBN. a, Illustration of the proposed mechanism and experimental 
measurement. A pump pulse (520"nm) heats a gold pad, while a subpicosecond 
tunable mid-IR probe pulse measures the modulated reflectivity response of 
the hBN patterned flake. After pulse absorption in the Au, both phonons and 
ballistic electrons spread from the hot spot in the Au, depicted by the small blue 
particles and the background waves emanating from the hot spot. Radiation 
from the hot electrons (red arrows) escapes and couples into the HPhP modes 
of hBN (pump and probe spot sizes not to scale). b, The sample geometry. The 
reliefs in the image show the position of Au excitation pads used for both s-SNOM 
characterization (Methods), as well as thermal HPhP launching. c, The measured 
thermoreflectance signal of the 116-nm hBN flake as a function of probe energy 
and pump–probe delay time for an incident pump fluence of 95.5"J"m#2. The 
strong $R/R response within the Reststrahlen band (indicated by the span of the 

dotted lines) and near the TO phonon frequency of hBN shows the high thermal 
activity within the region that can be attributed to ultrafast heating from near-
field radiation emitted by the Au pad. d, For reference, a similar pump fluence of 
an uncoated (no Au) hBN flake is provided, noting that in this case, no temporal 
thermoreflectance response is observed within the range of the hBN Reststrahlen 
band, illustrating the critical role of the Au pad as a thermal transducer in this 
experiment. The dark band that appears in the middle of the blank hBN contour  
is attributed to polymethyl methacrylate residue, a photo-resistive polymer in 
the lithographic patterning process. e, Waterfall plots of the data shown in  
c at a variety of pump–probe time delays (80–2,030"ps) following transient Au 
heating, indicating more clearly the ultrafast optical response surrounding the 
TO phonon mode and within the hBN Reststrahlen band (indicated by the span of 
the dotted lines).
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Mechanism: Non-equilibrium interfacial heat transfer
• Not enough NFRT at 300 K, electrons need to be “hot”
• Hotter electrons at boundaries = more NFRT
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tion of hBN, respectively, and l is an integer number corresponding to 
the order of the HPhP modes. Figure 2b shows that the radiative heat 
emitted by gold is predominantly received by HPhPs in hBN as the heat 
flux mostly occurs at wave vectors that precisely match the dispersion 
of HPhPs. As such, the radiative heat flux at any temperature differential 
between gold and hBN will be carried predominantly through HPhPs.

Beyond the spectral response, it is also critical to quantitatively 
analyse the temporal relaxation of the thermoreflectance signals within 
and outside of the Reststrahlen band to delineate the role that HPhPs 
play in this process. The stark contrast between the time-dependent 
thermoreflectance signals under these two distinct conditions are 
provided as a function of pump–probe delay at a probe energy approxi-
mately ‘on resonance’ (Fig. 3a, black squares) with the TO phonon 
(probe energy of 7.4 µm, 0.17 eV, 1,351 cm−1) compared with the signal 
with a probe energy ‘off resonance’ (Fig. 3a, pink triangles), which is 
spectrally separated from the Reststrahlen band of hBN (probe energy 
of 6 µm, 0.21 eV, 1,667 cm−1), where hBN is nominally transparent to 
the probe beam (Supplementary Fig. 3). Additionally, at these pho-
ton energies, the thermoreflectance changes in Au provide nearly an 
order of magnitude smaller thermoreflectance signal compared with 
that measured from the hBN within the Reststrahlen band, thereby 
precluding any non-negligible transient response from Au in driving 
the observed response. Thus, as the large bandgap of hBN (~5.95 eV) 

precludes direct absorption of the incident pump energy (2.38 eV), the 
measured thermoreflectance signal is instead driven by the changes 
in the temperature of the hBN that are the result of thermal transport 
from the heated gold across the interface. The dominant signatures 
at picosecond timescales occur within the Reststrahlen band of hBN, 
illustrating the strong correlation of these excitations with thermal 
transport mediated by optical phonons and HPhPs. Further, our con-
trol measurement of pumping and probing directly on the hBN in the 
absence of Au results in a negligible response (Supplementary Fig. 4), 
clearly indicating that the measured signal (Fig. 3a) is due to a remote 
heating effect initiated via pump absorption within the Au pad. Thus, 
the correlation between the ultrafast heating of Au with the dramatic 
changes in the hBN thermoreflectance within the Reststrahlen band at 
picosecond timescales clearly illustrates that the mechanism is medi-
ated through the launching of HPhPs via near-field thermal radiation 
from the heated gold pads. Our results therefore qualitatively suggest 
that the Au–hBN TBC can be substantially influenced by energy transfer 
across the Au–hBN interface at ultrafast timescales (subnanosecond) 
mediated by HPhPs.

Determination of polaritonic conductance rate
The data on resonance with the hBN Reststrahlen band shown in Fig. 3a 
exhibit an exponential decay with a time constant of ~1,300 ps. After 
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Fig. 3 | Results from thermal analysis of IR thermoreflectance. a, The 
thermoreflectivity response of hBN as a function of the pump–probe delay time 
after Au pad heating near the TO resonant frequency (black squares, 7.4 µm) of 
hBN alongside the analytical model fit to the on-resonance data (solid red line). 
The best fit for the on-resonance data shown resulted in a HPhP-mediated TBC 
of >500 MW m−2 K−1. The standard model (dashed blue line) shows the calculated 
thermoreflectance signal expected at the surface of the Au pads assuming 
literature thermal parameters as well as an Au–hBN phonon–phonon TBC of 
12.5 MW m−2 K−1 measured with TDTR (see the Supplementary Information for 
details); the inset shows a comparison of the raw signal magnitude on resonance 
(black squares, 7.4 µm) with off resonance (red triangles, 6 µm). The inset 
represents the difference in magnitude and curvature between the off-resonance 
and on-resonance data past time zero, highlighting the strong response from the 
hBN when compared with the Si substrate as well as the extended duration that 

the hBN remains heated for. b, The current state of experimentally measured 
bulk TBCs across 3D/3D material interfaces (filled blue squares)2 as well as 
predicted 2D/3D interface conductances (open red circles region)74 and the best 
fit Au–hBN HPhP TBC measured in this work with error bars derived from the ±5% 
contour uncertainty presented in Supplementary Fig. 9, all plotted against a film 
to substrate ratio of Debye temperatures. c, The phonon density of states (pDOS) 
for hBN was reproduced from a figure in ref. 13 using density functional theory 
plotted with the occupied density of states the at two temperatures showing the 
lack of activity in the TO phonon mode 150 K above the ambient temperature, 
implying that the measurements in this work are due to optical phonon activity 
measured via IR probing, and not from thermally excited phonon modes from 
conduction alone. Lit. meas., literature measurements; Lit. calc., literature 
calculations; Dia., diamond.
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• New regimes for high thermal conductivity 
functional materials

• New materials for ultralow thermal conductivity 
materials

• New mechanisms for transferring heat across 
interfaces and developing “non-equilibrium 
thermal polaritonics”


