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hK across solid/liquid10,22−27 and solid/gas interfaces.11,28−30

Most of these studies have alluded to the fact that the strength
of interaction at the interface between a solid and a liquid or gas
is the dominant parameter that dictates hK across these
interfaces. Despite these advances, a comprehensive under-
standing of the spectral contribution to hK and the effect of
interfacial bonding on the modal contributions across solid/
liquid and solid/gas interfaces is still lacking in the literature;
such a study would significantly enhance the fundamental
understanding of heat flow across these interfaces.
More recently, molecular dynamics (MD) simulations have

been employed to resolve the mode level contributions to hK
across various solid/solid interfaces,31−41 thus providing an
avenue to better understand and manipulate spectral
contributions to interfacial heat flow. Despite the advances in
studying heat flow across solid/solid interfaces, relatively few
studies have focused on the mode level details of hK across
solid/gas and solid/liquid interfaces. In this paper, we study the
influence of interfacial bonding on the spectral contributions to
hK across Lennard-Jones (LJ)-based solid/liquid, solid/gas, and
solid/solid interfaces. The spectral contributions across lattice-
matched, mass-mismatched LJ solids are shown to be highly
dependent on the temperature and the cross-species interaction
strength due to inelastic energy transfer mechanisms at the
interface. For LJ-based solid/liquid interfaces, the reduction in
cross-species interaction strength limits the coupling of
transverse vibrational frequencies and shifts the spectral
contributions at the solid to lower frequencies. In contrast to
solid/solid and solid/liquid interfaces, longitudinal vibrational
frequencies contribute more to the heat current from the solid
to the gas for a weakly bonded interface. However, the increase
in cross-species interaction strength across the solid/gas
interface can eventually lead to hK with similar contributions
from transverse and longitudinal modes in the solid. The
decrease in solid/gas interaction strength is also shown to
reduce the maximum phonon frequencies in the interfacial solid
that can facilitate heat transfer (more so than in the case of
solid/liquid interfaces).

■ METHODOLOGY
The thermal boundary conductances and their spectral
contributions across solid/liquid, solid/gas, and solid/solid
interfaces are calculated under the nonequilibrium molecular
dynamics (NEMD) simulations framework by using the
LAMMPS molecular dynamics package.42 The three types of
interfaces are described by the 6−12 LJ potential, U(r) =

4ε[(σ/r)12 − (σ/r)6], where U is the interatomic potential, r is
the interatomic separation, and σ and ε are the LJ length and
energy parameters, respectively. For computational efficiency
the cutoff distance is set to 2.5σ for all the simulations and the
time step is set to 0.1 fs throughout the simulations. To gauge
the effect of cross-species interaction strength on the spectral
contribution to hK, we simulate structures with strong and weak
interfacial bonding (defined by ε for species across the
interface). We note that the use of the LJ potential in this
work is to reinforce the generality of the results presented and
not to extract quantitative data for material specific properties.
For the solid/solid systems, we considered two materials (A

and B) that are in contact with each other as shown by the
schematic in the top panel of Figure 1a. The length and energy
parameters are set to σAr = 3.405 Å and εAr = 10.3 meV,
respectively (that is representative of solid Ar for both A and
B). The materials are arranged in an fcc lattice with the same
zero-temperature lattice constant of a0 = 1.55σ. This creates a
lattice matched interface between materials A and B. However,
an acoustic mismatch is introduced by setting the mass of
material B to be four times higher than that of material A (mB =
4mA). Thus, material A (with mA = 40 g mol−1) represents solid
argon and material B represents a fictitiously heavier solid
argon. The systems consist of 10a0 × 10a0 × 60a0
computational domains with 24 000 atoms each. Note,
increasing the cross-sectional area or the length of the
computational domain has negligible change in the observed
results. To investigate the effect of interaction strength between
the atoms across the interface, we vary εA−B in the range εAr to
εAr/4. Periodic boundary conditions are used in the x- and y-
directions, whereas fixed boundaries with four monolayers of
atoms at each end are placed in the z-direction. Initially the
structures are allowed to equilibrate at their prescribed
temperatures for a total of 2 ns under the Nose-Hoover
thermostat43 (that is the NVT integration with the number of
atoms, volume, and temperature of the simulation held
constant) followed by the NPT integration (which is the
isothermal−isobaric ensemble with the number of particles,
pressure, and temperature of the system held constant) for a
total of 2 ns at 0 bar pressure. After equilibration, a steady-state
temperature gradient is established under the NVE integration
(with number of particles, volume, and energy held constant)
by adding a fixed amount of energy per time step to a warm
bath at one end and removing the equal amount of energy from
a cool bath at the other end as shown in Figure 1a. The length
of the baths are 10a0 in the z-direction and are shown in the

Figure 1. (Top panels) Atomistic illustration of the computational domain between LJ-based (left) solid/solid, (middle) solid/liquid, and (right)
solid/gas systems. (Bottom panels) Temperature response of the computational domains for (a) solid/solid, (b) solid/liquid, and (c) solid/gas
systems after a steady heat flux is imposed.
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ABSTRACT: Dynamic control of thermal transport in solid-
state systems is a transformative capability with the promise to
propel technologies including phononic logic, thermal manage-
ment, and energy harvesting. A solid-state solution to rapidly
manipulate phonons has escaped the scientific community. We
demonstrate active and reversible tuning of thermal conductivity
by manipulating the nanoscale ferroelastic domain structure of a
Pb(Zr0.3Ti0.7)O3 film with applied electric fields. With subsecond
response times, the room-temperature thermal conductivity was modulated by 11%.
KEYWORDS: Thermal conductivity, tunable, time domain thermoreflectance, ferroelectric, nano domain

Dynamically regulating phonon transport in solids enables
possibilities of thermal energy control, new computing

mechanisms utilizing phonons, and a novel means to control
phonon-coupled waves and particles such as polaritons and
polarons.1,2 Tuning phonon transport over a broad temperature
range in a single solid-state device provides the largest
technological and scientific impact. Prior to the present study,
however, a solid-state solution to rapidly manipulate phonons
has remained elusive. For example, solid-state thermal
rectification at room temperature has been demonstrated,3

but switching, gating, or dynamic tuning elements have escaped
the scientific community. While it is possible to alter thermal
conductivity through phase transitions,4,5 chemical composition
modification,6 and cryogenically applied magnetic or electric
fields,7−11 none of these prior demonstrations provide a
response that is sufficiently swift and facile for implementation
across a wide-ranging application landscape. For example, in
conventional ferroelectrics, mobile coherent interfaces, the
ferroelastic domain walls, will scatter heat-carrying phonons, an
effect that has previously been attributed to an acoustic
mismatch across the interface,10,12 but also likely has a
significant strain13 and accompanying decreased phonon
relaxation time contribution.14 Reconfiguring the domain
walls with an electric field will alter the thermal conductivity,
as was demonstrated in bulk, single crystalline barium titanate
where thermal conductivity values increased by a factor of 5
after application of an electric field.10 However, this effect was
only present up to the temperature where Umklapp scattering

became the dominant phonon scattering mechanism (∼30 K)
and heretofore was limited to cryogenic temperature regimes.
If properly engineered, mobile phonon scattering interfaces

would allow for tuning across much broader temperature
ranges. To actively and practically achieve this goal requires the
domain wall spacing to be comparable to or less than the
phonon mean free path. Phonon mean free paths are known to
be spectral and therefore have many wavelengths carrying
thermal energy15−18 but for a complex oxide it can be
anticipated that most of these heat-carrying modes have
lengths less than 100 nm at room temperature.19−22 Decreasing
domain wall spacing to this dimension requires scaling of the
ferroelectric crystal size to increase domain wall density and
decrease interface spacing to less than this dimension, which
can be achieved in a thin film embodiment. Recently, we
demonstrated that 30 nm thick epitaxial films of ferroelectric
BiFeO3 with differing densities of 71° domain walls showed
∼30% differences in thermal conductivity at temperatures up to
400 K, indicating domain wall phonon scattering effects may be
observed at noncryogenic temperatures.23 Reconfiguring the
nanoscale domain structure and domain wall density with an
applied field would allow the creation of a simple and integrable
thermal switch that could operate over a broad temperature
range. This requires a material system and embodiment where
the domain structure can be reconfigured. In this Letter, we
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There are two types of heat carriers in solids: electrons and crystal 

vibrations (or phonons). This review focuses on nonmetallic materials 

where phonons are the dominant carrier. A phonon is a quantum of 

crystal vibrational energy and is analogous to the photon7. Just as a 

solid radiates out a Planck-like distribution of photons, it also contains 

a Planck-like distribution of phonons within itself8. Phonons have 

two fundamental lengths: wavelength and mean free path7. At room 

temperature, the dominant heat-carrying phonons typically have 

wavelengths of 1-3 nm and mean free paths of 10-100 nm. By using 

nanostructures comparable in size to these length scales, one can then 

manipulate thermal transport in solids9,10. 

Fig. 1 shows possible approaches to increase the range of thermal 

conductance and conductivity. The range of thermal conductivity at 

room temperature spans four orders of magnitude: from polymers 

at ~0.1 W/mK to diamond at ~103 W/mK. Phonon transport in 

these materials is diffusive and the phonon scattering events are 

uncorrelated. In this article, we focus on a broader range of phonon 

transport mechanisms such as spectrally dependent scattering, phonon 

filtering, correlated scattering, waveguiding, and ballistic transport. In 

the case of phonon filtering and correlated scattering (e.g. localization), 

it may be possible to prevent a spectral band(s) from propagating, 

thereby reducing thermal conductivity. On the other hand, waveguiding 

and ballistic transport can increase the thermal conductance 

significantly. 

The thermally insulating limit
In this section, we review work that pushes the insulating limits in 

thermal transport. For example, we discuss how researchers beat the 

alloy and amorphous limits by nanostructuring. Recent reports on 

phonon filtering and correlated scattering are also reviewed.

The alloy limit
The lowest thermal conductivity k in crystalline solids is generally that 

of an alloy and is often referred to as the ‘alloy limit’. Alloys have low 

thermal conductivity because the atomic substitutions heavily scatter 

phonons. This is known as alloy scattering. Thermal conductivities of 

alloys are typically 5 W/mK < k < 10 W/mK at room temperature. 

Historically, it has been difficult to beat the alloy limit without creating 

defects, dislocations, and voids. However, by using nanostructures such 

as superlattices11,12, nanowires13, and nanoparticles14,15, researchers 

have been able to beat the alloy limit. In some cases13,15, these 

nanostructures provide a scattering mechanism other than alloy 

scattering, such as spectrally dependent phonon scattering. In alloys, 

atomic substitutions scatter phonons because of differences in mass 

and/or bond stiffness. In the Rayleigh scattering regime, the scattering 

cross-section varies as σ ~ b6/λ4 where b is the size of the scattering 

particle and λ is the phonon wavelength. Since atomic substitutions 

in alloys have b ~ 1 Å, this relation suggests that alloys scatter 

short-wavelength phonons much more effectively than mid- and 

long-wavelength phonons. Hence, these latter phonons dominate heat 

conduction in alloys. If one introduces another scattering mechanism 

that scatters mid- and/or long-wavelength phonons, the alloy limit can 

be beaten. Nanostructuring is one way of achieving this. Two examples 

are presented here – an alloy-based nanowire13 and an alloy containing 

nanoparticles15. In nanowires, long-wavelength phonons are scattered 

by the nanowire boundaries, i.e. boundary scattering16, whereas in 

a bulk material containing nanoparticles, mid- to long-wavelength 

phonons are scattered by nanoparticles17-19 in the material. 

Fig. 2a shows thermal conductivities of 58 nm and 83 nm diameter 

single-crystalline Si/SixGe1-x superlattice nanowires and a Si0.9Ge0.1 

alloy film for comparison13. The thermal conductivity of the nanowire 

is clearly below that of the alloy film. The thermal conductivity 

reduction is most pronounced in the low temperature regime and 

negligible at room temperature. Recognizing that long-wavelength 

phonons dominate thermal transport in the low temperature regime, 

this thermal conductivity trend is a key signature of boundary 

scattering7 by the Si/SixGe1-x superlattice nanowire. 

Another example of beating the alloy limit by using spectrally 

dependent phonon scattering is shown in Fig. 2b. By introducing 

epitaxially embedded ErAs nanoparticles into an In0.53Ga0.47As 

alloy, short-wavelength phonons are scattered by the In0.53Ga0.47As 

alloy and mid- and long-wavelength phonons are scattered by the 

Fig. 1 Schematic illustrating various approaches to expand the limits of thermal transport. This can be accomplished with nanostructured materials, which can tune 
into the phonon wavelength and mean free path. 
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Figure 3 | Structural and microstructural characterization of superlattice 
samples from both series. High-resolution, short angular-range q‑2q XRD 
scan of a, an (STO)6/(CTO)6 superlattice centred on the NGO 220 substrate 
peak and b, (STO)74/(BTO)1 superlattice peaks centred on the STO 002 
substrate peak. Both the superlattice peaks and the thickness fringes suggest 
the high degree of interface abruptness in the samples. c, A high-resolution 
reciprocal space map of the (STO)2/(CTO)2 superlattice centred on the NGO 
332 substrate peak. The map clearly shows that the superlattice film is 
coherently strained to the substrate. d, Surface topography of a 200 nm (STO)2/
(CTO)2 thick superlattice film on an STO 001 substrate. The image clearly 
shows the presence of smooth step edges with unit cell height. STEM images of 
e, (STO)2/(CTO)2  and f, STEM-EELS image (dimensions 35 nm X 3.6 nm) of a 
(STO)30/(BTO)1 superlattice revealing the presence of atomically sharp 
interfaces with minimal intermixing in the samples studied along with a 
schematic of the crystal structures on the right. Chemical formulas of the 
component materials of the superlattice are colour-coded to match the false-
colour of the STEM-EELS image on the left (Sr – orange, Ba – purple, Ti – 
green). 

Implications of Interfacial Bond Strength on the Spectral
Contributions to Thermal Boundary Conductance across Solid,
Liquid, and Gas Interfaces: A Molecular Dynamics Study
Ashutosh Giri, Jeffrey L. Braun, and Patrick E. Hopkins*

Department of Mechanical and Aerospace Engineering, University of Virginia, Charlottesville, Virginia 22904, United States

ABSTRACT: The modal contributions to interfacial heat flow
across Lennard-Jones based solid/solid, solid/liquid, and
solid/gas interfaces are predicted via molecular dynamics
simulations. It is found that the spectral contributions to the
total heat flux from the solid that comprises the interface are
highly dependent on the phase of the adjoining matter and the
interfacial bond driving the interaction between the solid and
the adjacent matter. For solid/solid interfaces, along with low
temperatures, weak cross-species interaction strength can
severely limit the conductance owing to the inhibition of
inelastic channels that otherwise facilitate heat flow across the interface via anharmonic interactions. The increase in the cross-
species interaction strength is shown to shift the modal contributions to higher frequencies, and most of the inelastic energy
exchange is due to the longitudinal vibrational coupling across the interface. For solid/liquid interfaces, the increase in the cross-
species interaction enhances the coupling of transverse vibrational frequencies in the interfacial solid region, which leads to an
increase in the total heat current across the interface. Our modal analysis suggests that very high frequency vibrations (with
frequencies greater than 80% of the maximum frequency in the bulk of the solid) have negligible contribution to heat flow across
solid/liquid interfaces, even for a strongly bonded interface. In the limit of weakly interacting solid/gas interfaces, the modes
coupling in the solid to the gas have signatures of reduced dimensionality, as evident by the surface-like density-of-states in the
solid. Increasing the interfacial interaction shows similar trends to the solid/liquid case up to the limit in which gas atoms adsorb
to the surface, enhancing the contribution of transverse phonons coupling at the solid interface. Our work elucidates general
similarities in the influence of interfacial bond strength to thermal boundary conductance across solid/solid, solid/liquid, and
solid/gas interfaces. In general, we find that the mode softening with a decrease in interfacial bond strength is more pronounced
in the longitudinal modes as compared to transverse modes, and we consistently observe a decrease in the transverse mode
contribution from the solid across the interface as the interfacial bond strength is decreased, regardless of the phase of matter on
the other side.

■ INTRODUCTION
Heat flow in modern nanoscale devices is mostly limited by the
high densities of interfaces rather than the materials comprising
the device.1,2 These interfaces can provide resistance to energy
carriers, which results in nanoscale temperature discontinuities
between the materials comprising the interfaces. The relation
between the temperature discontinuity, ΔT, and the impinging
heat flux, Q, at the interface quantifies the efficacy of energy
exchange across the interface, and is referred to as the thermal
boundary conductance (hK = Q/ΔT).3 Over the past few
decades, hK across interfaces comprising solid/solid materials
has attracted a considerable amount of interest both
experimentally and theoretically because of the wide variety
of physical phenomena associated with interfacial thermal
transport and also because of the various device driven
applications.1,2,4,5 Analytical expressions based on the phonon
gas model have been shown to reproduce the experimentally
measured hK across various crystalline solid/solid interfaces
reasonably well because of the periodicity of atoms in the solid
lattices on either side of the interface.3,6−9 However, the lack of

periodicity and the inability to define group velocities in
disordered phases such as in gaseous and liquid states render
the direct application of these predictive models invalid, which
has necessitated new predictive formalisms.10,11

The thermal interface coupling of heat carriers across solids
in contact with gases and liquids has recently garnered much
attention. For example, solid/liquid interfaces have been
studied for their importance in understanding various biological
and chemical processes,12,13 friction mitigation in hard disks,14

and evaporative cooling.15 Similarly, for solid/gas interfaces,
heat transfer has been shown to play a critical role in
understanding geothermal energy harvesting,16 heat pipe
engineering,17,18 low-grade waste heat recovery, and seawater
energy conversion.19−21 In this regard, prior works have
investigated the effects of interfacial structure and chemistry
along with effects of variations in temperature and pressure on
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conductivity of SLs.
The temperature dependence of the thermal conductivities

on selected samples are shown in Fig. 1 for 100 and 200 K
compared to room temperature. The trend at low temperatures
is similar to that at room temperature suggesting the mecha-
nisms of heat transfer are dominated by the geometry even
though the characteristic length of heat carrier is significantly
changed. The agreement between the model the temperature
dependent measurements is discussed in the Supplementary
Information.

Now we analyze the phononic spectral contribution to the
thermal conductivity (without the effects from the internal in-
terfaces) by calculating the mpf distribution, ` j(w,L,T ) and
the thermal conductivity accumulation functions, a(`,L,T )
and a(w,L,T ) over phonon mpfs and frequencies, respec-
tively. For bulk and thin film SLs of thicknesses 24,
100, and 1,000 nm, Fig. 2a shows the mfp ` j(w,L,T ) =
u j(w)t j(w,L,T ) for the longitudinal and transverse acoustic
branches at room temperature where u j and t j are the phonon
group velocity and scattering times. The film boundary scat-
tering term limits the maximum mfp in the SL to the thick-
ness L. In other words, phonons with ` > L do not exist in
the phonon spectrum of the SL. The mfp in a bulk SL shows
a strong spectral dependence where phonons of different fre-
quencies have significantly different values of ` j. As the film
thickness decreases, ` j flattens and a larger portion of phonon
frequencies take mfp values closer to the film thickness (i.e
closer to the maximum mfp).

The effect of film thickness on thermal conductivity can be
better seen in Fig. 2b where we plot a(`,L,T ). As the thick-
ness increases, this mean free path-dependent accumulation
function spreads over larger portion of the mfp spectrum and
becomes more evenly distributed over the spectrum. To better
visualize this, we plot a(`,L,T ) for 24 and 100 nm on a linear
scale in the inset of Fig. 2b. The horizontal and vertical lines
in the inset show that 50% of thermal conductivity is carried
by the upper 28% (17-24 nm) and 55% (45-100 nm) of the
phonon spectrum for the 24 and 100 nm films, respectively.
This demonstrates how long mfp phonons are more dominant
in thinner films. The same can be observed in Fig. 2c which
plots the phonon frequency-dependent thermal conductivity
accumulation. As the thickness decreases, the percentile con-
tribution from low frequency phonons (i.e long mfp) becomes
more substantial. The horizontal and vertical lines show that
50% of thermal conductivity is dictated by the lower 28.7 %
and 54 % of the phonon spectrum in bulk and 24 nm thick
samples, respectively.

The analysis presented in Fig. 2 clearly explains the bal-
listic behavior of phonons observed in AlAs-GaAs SLs. In
fact this result can be generalized on all thin film structures.
As the thickness decreases, the spectral contribution to ther-
mal conductivity becomes more dependent on long mfp (low
frequency phonons). Table I shows the fraction of thermal
conductivity carried by phonons with mfps longer than L/2 or
with frequencies lower than wmax/2, where wmax is the maxi-
mum cutoff frequency. For instance, for L = 24 nm, 82% of the
thermal conductivity is carried by phonons with mfp between
12 and 24 nm. This percentage decreases to only 9.4% for L

TABLE I. Fraction of thermal conductivity carried by phonons with
mfp larger than L/2 or frequency lower than than wmax/2

Thickness, L (nm ) 24 100 1,000 bulk
1 - aH(`,L/2,T ) (%) 82 43 9.4 -
aH(wmax/2,L,T ) (%) 48 54 66 76.7

FIG. 3. thermal conductivity map. Thermal conductivity color map
for AlAs-GaAs using equations 1- ?? at room temperature. Such map
allows for engineering thermal conductivity by selecting the the film
and period thicknesses.

= 1,000 nm. The numbers show the strong influence of large
mfp phonons on the thermal conductivity of thin films. The
increased effect of short mfp phonons for larger thicknesses
causes the plateau (leveling off) of the thermal conductivity at
higher thicknesses shown in Fig. 1. It is also important to note
that the thermal conductivity values of films with L < 200 nm
for the different period thicknesses are closer to each other
than those of thicker films. This stems directly from the dom-
inance of long mfp phonons in thinner films that reduces the
portion of phonons available for short range boundary scatter-
ing. As the thickness increases, short mfp phonons dominate
the spectrum and kSL becomes solely dependent on dSL.

We note that the use of a thin film accumulation function
is more direct for comparing to thermal conductivity measure-
ments than the typically used ratio of film to bulk thermal con-
ductivity (kfilm/kbulk) accumulation function (e.g. Ref 25) or
the bulk accumulation,19 as it illustrates the relative impor-
tance of the different portions of the mfp spectrum in the thin
film structure. While kfilm/kbulk can interpret how a thin film
thermal conductivity is affected by its dimension as compared
to bulk, it does not provide direct insight into the spectral de-
pendence of thermal conductivity in a film of a specific thick-
ness.

A major result of the data shown in Fig 1 is the ability
to engineer the thermal conductivity by selecting L and dSL.
The ability to precisely prescribe the thermal conductivity is
tied to both film boundary scattering and the thermal bound-
ary conductance across the AlAs-GaAs interfaces. The val-
ues used for hK plotted in Fig. 1f are fitted to an inverse law
that gives hK = 6.24⇥ 106

d
�0.33
SL . When substituted in equa-
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temperature between 180 and 387 K and largely insensitive
to film thickness in the range 22 to 106 nm as shown in
Fig. 3(b). We also note that the chosen substrate (additional
films were deposited on glass and silicon, as opposed to the
ITO and PEDOT:PSS coated glass slides described above)
or heat treatment (annealed or unannealed) did not lead to
statistically significant changes in thermal conductivity.

In Ref. [17], Olson and Pohl used low temperature
heat capacity measurements to determine the Einstein
temperature of C60=C70 fullerite microcrystals, !E ¼
35 K, which corresponds to a frequency of kB!E=@ ¼
4:58" 1012 rad s#1, where @ is Planck’s constant divided
by 2!. With this value and the Einstein model of thermal
conductivity,

"E ¼ 2
k2B@ N1=3

!
!E

x2ex

ðex# 1Þ2 ; (2)

whereN is the fullerene density and x¼ !E=T, they found
excellent agreement between the model and their data.
Following the reverse procedure and fitting the Einstein
model of thermal conductivity to our temperature-
dependent thermal conductivity data yields !E ¼ 22 K,
which corresponds to a frequency of 2:88" 1012 rad s#1.
This suggests that the presence of the molecular tail is not
only responsible for lowering the sound speeds of PCBM
microcrystals, but also lowering the characteristic fre-
quency of their highly localized vibrations.

To put the exceptionally low thermal conductivity of
PCBM into perspective, in Fig. 4, we plot the room-
temperature thermal conductivities of several amorphous
and crystalline materials as a function of their atomic
density. While previous reports have made similar com-
parisons with regard to mass density [6], plotting thermal
conductivity as a function of atomic density allows easier
identification of trends among crystalline and amorphous
materials, respectively. The outliers (P3HT, C60=C70, and
PCBM) are nominally microcrystalline, exhibit some of
the highest atomic densities, and simultaneously, some of
the lowest conductivities. In this respect, it is interesting to
note that some of the best thermal conductors, as well as
the best thermal insulators, are carbon allotropes or carbon
based materials [37].
In summary, we have reported on the thermal conduc-

tivities of [6,6]-phenyl C61-butyric acid methyl ester
(PCBM) thin films from 135 to 387 as measured by time
domain thermoreflectance. Thermal conductivities were
shown to be independent of temperature above 180 K
and <0:030 & 0:003 Wm#1 K#1 at room temperature.
The longitudinal sound speed as measured by picosecond
acoustics was 2300 & 100 m s#1, 30% lower than that in
C60=C70 fullerite compacts. Using Einstein’s model
of thermal conductivity, we found the Einstein character-
istic frequency of microcrystalline PCBM is 2:88"
1012 rad s#1. Through a comparison of our data to previous
reports on C60=C70 fullerite compacts, we have argued that
the molecular tails on the fullerene moieties in our PCBM
films are responsible for lowering both the apparent sound
speeds and characteristic vibrational frequencies below
those of fullerene films. In turn, the room-temperature
thermal conductivities of PCBM thin films are the lowest
reported of any fully dense solid.
J. C. D. and P. E. H. acknowledge funding from the

National Science Foundation (CBET-1134311). Y. S. and
M.C.G. would like to thank the NASA Langley Professor
Program, NSF I/UCRC program, and the University of
Virginia Energy Initiative for financial support. This
work was supported in part by the Laboratory Directed
Research and Development (LDRD) program at Sandia
National Laboratories.

*phopkins@virginia.edu
†mgupta@virginia.edu

[1] D. G. Cahill, MRS Bull. 37 , 855 (2012).
[2] A. Einstein, Ann. Phys. (Berlin) 340, 679 (1911).
[3] P. Debye, Ann. Phys. (Berlin) 344 789 (1912).
[4] C. Kittel, Introduction to Solid State Physics (Wiley,

Hoboken, New Jersey, 2005), 8th ed.
[5] W. Kim, R. Wang, and A. Majumdar, Nano Today 2 , 40

(2007).
[6] K. E. Goodson, Science 315 , 342 (2007).
[7] D. G. Cahill and R.O. Pohl, Annu. Rev. Phys. Chem. 39 ,

93 (1988).

1022 1023

0.01

0.1

1

10

100

1000

Atomic Density (cm-3)

T
he

rm
al

 C
on

du
ct

iv
ity

 (W
 m

-1
 K

-1
)

Amorphous
Crystalline

Diamond
Copper

Aluminum
Silicon

Germanium
Lead

SiO2

Aerogels PCBM

C60/C70WSe2

α:carbon
P3HT

5000

0.005

FIG. 4 (color online). Room-temperature thermal conductivity
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and lead are from Ref. [31], SiO2 and aerogels from Ref. [16],
amorphous carbon from Ref. [35], WSe2 from Ref. [18],
C60=C70 from Ref. [17], P3HT from Ref. [38] and PCBM is
from the present work. Not only does PCBM exhibit the lowest
conductivity, but it is among the densest of the materials, second
only to diamond.

PRL 110, 015902 (2013) P HY S I CA L R EV I EW LE T T E R S
week ending

4 JANUARY 2013

015902-4

PRL 110, 015902 (2013)

l = Mean free path

Heat 
capacity Velocity

The Fourier Law

q = �
@T

@z
<latexit sha1_base64="(null)">(null)</latexit><latexit sha1_base64="(null)">(null)</latexit><latexit sha1_base64="(null)">(null)</latexit><latexit sha1_base64="(null)">(null)</latexit>T

z



My group – ExSiTE Lab
Engineering energy transport, conversion and storage 

in materials over multiple time and length scales



Thermal conductivity of materials - nanoscopic

Metals:
Free electrons are the 
dominant energy carriers
in metals, ballistic velocity 
~106 m/s

Semiconductors:
Phonons (lattice vibrations) 
are the dominant energy 
carriers in semiconductors, 
velocity ~103 m/s

atom

“hot” free electron

“cold” free electron

Diffusion of “hot” electrons

Phonon propagation

Electron carrier density:
in metals ~1023 cm-3

in semiconductors ~1018 cm-3



Thermal conductivity of nanostructures
Nanoscale heat transfer

Well controlled and prescribed inclusions, defects, or 
interfaces to permanently change thermal conductivity
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different phonon modes and reduce thermal conductivity. A 
schematic diagram is shown in  Figure    5   capturing these var-
ious phonon scattering mechanisms, along with the electrical 
transport within a thermoelectric material.  

 Thus, in certain cases nanodots clearly play a very signifi cant 
role in reducing lattice thermal conductivity, probably by effec-
tively scattering phonons that otherwise would have relatively 
long mean free paths. In many of these cases it has been clearly 
demonstrated that the reduction in thermal conductivity far 
exceeds any concomitant reduction in the power factor caused 

of Sb. [  73  ]  In contrast, similar fractions of nanoparticles of Bi or 
Pb (two elements that have the same atomic mass as the Pb ions 
in the rock salt lattice) were found to have no such effect. [  73  ,  81  ]  
ErAs:InGaAs is another interesting example to study along 
these lines since the size distribution of ErAs nanoparticles in 
the matrix is not a strong function of the growth parameters 
and they are typically 2–4 nm in diameter [Figure  3 c]. [  82  ]  The 
volume fraction of the embedded nanoparticles can be easily 
changed from 0.01-6% without introducing defects or disloca-
tions. Thermal conductivity measurements show a reduction by 
as much as a factor of 3 compared to the bulk 
alloy [Figure  4 b].  

 The question remains as to why the inclu-
sion of nanodots can reduce the thermal 
conductivity below the alloy limit. Detailed 
calculations of phonon transport have been 
performed for ErAs:InGaAs materials, 
although the principles developed through 
these studies are fairly general and apply for 
other nanodot material systems as well. [  72  ,  82  ]  
Atomic scale defects in alloys scatter pho-
nons due to differences in mass or due to 
generation of strain fi elds, and the scattering 
cross-section follows Rayleigh scattering as 
 d  6 /  λ   4 , where  d  is the nanodot diameter and 
  λ   is the phonon wavelength. Hence, short 
wavelength phonons are effectively scattered 
in alloys, but the mid-to-long wavelength 
phonons can propagate without signifi cant 
scattering and thereby still contribute to heat 
conduction. By inclusion of nanoparticles, 
signifi cant reduction in lattice thermal con-
ductivity can be achieved by the additional 
scattering of mid- and long-wavelength pho-
nons by the nanoparticles. Calculations show 
that a wide size distribution of nanoparticles 
is preferable since it can effectively scatter 

      Figure  5 .     Schematic diagram illustrating various phonon scattering mechanisms within a ther-
moelectric material, along with electronic transport of hot and cold electrons. Atomic defects 
are effective at scattering short wavelength phonons, but larger embedded nanoparticles are 
required to scatter mid- and long-wavelength phonons effectively. Grain boundaries can also 
play an effective role in scattering these longer-wavelength phonons.  

Nanoparticle

Short wavelength phonon

Mid/long wavelength phonon

Atomic 
defect

Grain
boundary

Hot Electron

Cold Electron

      Figure  4 .     Lattice thermal conductivity as a function of temperature for: (a) various PbTe-based alloys (x  =  0.1) and nanostructured samples. The value of 
x  =  0.1 was chosen because these samples have the same concentration of added component to PbTe as those in LAST-18 and SALT-20. (b) InGaAs with 
and without embedded ErAs nanodots. It is seen in both cases that the inclusion of nanodots into the microstructure results in a signifi cant reduction 
to the lattice thermal conductivity. In the PbTe system solid solution alloying is effective around room temperature (see black dotted arrow) but not at 
high temperature. Nanostructuring is shown to be effective both at room temperature and at high temperatures (see brown dotted arrows).  
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Elastic mismatch induced reduction of the thermal conductivity of silicon
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We use aluminum nano-inclusions in silicon to demonstrate the dominance of elastic modulus mis-
match induced scattering in phonon transport. We use time domain thermoreflectance to measure
the thermal conductivity of thin films of silicon co-deposited with aluminum via molecular beam
epitaxy resulting in a Si film with 10% clustered Al inclusions with nanoscale dimensions and a
reduction in thermal conductivity of over an order of magnitude. We compare these results with
well-known models in order to demonstrate that the reduction in the thermal transport is driven by
elastic mismatch effects induced by aluminum in the system. Published by AIP Publishing.
https://doi.org/10.1063/1.5019269

A fundamental understanding of the transport and inter-
actions among the carriers of energy in composite solids is
critical to applications ranging from computing, to jet engine
performance, to waste heat recovery.1–3 Thus, intricate
knowledge of thermal scattering mechanisms can be used to
design and engineer the thermal transport properties of sol-
ids. Of particular interest is the introduction of interfaces,
impurities, and other crystalline defects to manipulate pho-
non transport in nanosystems. These features have offered
dynamic flexibility in prescribing the thermal conductivity of
solids via targeting specific phonon scattering processes. As
a classic example, the theoretical formalism governing the
scattering of phonons with mass impurities4 has been rigor-
ously experimentally vetted over the past half-century.5–8

From this, novel functional nanomaterials have been
designed with tailored thermal conductivities driven, in part,
by this phonon mass-impurity interaction.9–15 Figure 1 illus-
trates the degree of tunability that has been achieved using
mass-impurity scattering in the silicon-germanium system.
Addition of germanium to the silicon crystal results in signif-
icant reductions in the thermal conductivity ranging from a
factor of four at Ge concentrations below 1 at. % (Ref. 6) to
over an order of magnitude with high Ge concentrations and
even lower with structuring into superlattices16 and nano-
structured superlattices to obtain thermal conductivities
below the minimum limit of thermal conductivity.17

Clearly, the implications of phonon-mass impurity
scattering on the thermal conductivity of solids have been
well studied. However, systematic experimental studies
that effectively focus on phonon scattering with other types
of lattice imperfections are lacking in comparison. To sys-
tematically study the role of these imperfections in phonon
transport, we must judiciously choose material systems in
which the majority of phonon scattering would be

influenced by only one type of lattice imperfection (e.g.,
elastic modulus mismatch or mass difference). This is the
case for the silicon germanium alloys in Fig. 1, where the
elastic modulus and impurity volume mismatches between
silicon and germanium effectively cancel each other out,
leaving the differences in masses between silicon and

FIG. 1. Thermal conductivity of bulk single crystalline silicon (open
circles)18 and thin film amorphous silicon (open squares)19 as well as models
for 100 nm thick films (solid line) and the minimum limit to the thermal con-
ductivity of silicon (dashed line). Also included is the thermal conductivity
of Si-Ge alloys (diamonds),6 a superlattice (upright triangles),16 a 202 nm
film (inverted triangles),7 and a nano-structured superlattice (leftward trian-
gle).17 Additionally shown is the Si-Al thin film thermal conductivity mea-
sured in this work (filled circles and squares).a)Electronic mail: bdonovan@usna.edu

0003-6951/2018/112(21)/213103/5/$30.00 Published by AIP Publishing.112, 213103-1

APPLIED PHYSICS LETTERS 112, 213103 (2018)

APL 112, 213103



An example: High power device thermal management

fiber array. A variable optical delay line in one of the paths was used to control the modulation
phase difference of the optical signal and switch between common mode, i.e., zero phase differ-
ence, and differential mode, i.e., phase difference of ð2n þ 1Þ!. The responsivity of these devices
was measured to be 0.75 A/W. To attain uniform illumination of the PDs, the fibers were pulled back
until the photoresponse dropped to half the peak value. The device under test was placed on a
thermoelectric cooler with a surface temperature of $ % 10 &C. The PDs were biased separately by
two dc source meters through bias-tees integrated on the microwave probe. The RF signal from the

TABLE 1

Epitaxial layer structure of CC-MUTC PDs with a cliff layer

Fig. 1. (a) SEM image of an InP chip with four pairs of balanced PDs and two single PDs. (b) Photo-
micrograph of a diamond submount. (c) Schematic cross-sectional view of balanced PDs flip-chip
bonded on a diamond submount. The blue arrows indicate the direction of heat flow.
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Thermal conductivity of materials – nanoscopic

FIG. 3. Thickness dependent thermal conductivity of GaN at varying (colored bands) dislo-

cation densities and impurity levels compared to (symbols) published values of GaN’s thermal

conductivity.12–18,39,59–70. Filled symbols are from the present effort. Diamonds correspond to

GaN nanowires. Dotted line is guide to the eye. All values correspond to a measurement temper-

ature of ∼ 300 K.

power diodes possessing thicknesses of 20 µm dictates that a bulk thermal conductivity228

will not be realized even if made of “perfect” GaN. Rather, thermal conductivities less229

than 200 W/mK are more likely. No film less than 100 µm has been reported to have a230

thermal conductivity greater than 215 W/mK. Second, compensation of intrinsic doping231

using counter-doping implants is benign to thermal transport as long as total impurity232

levels remain below 1019 cm−3 . Third, the impact of doping and dislocations on thermal233

conductivity lessens as the device layer becomes thinner. It is size instead that dictates the234

thermal transport.235

IV. CONCLUSIONS236

From measurements of epilayer films having varying free carrier concentration, size effects237

are shown to dominate the thermal conductivity of GaN. Quantitatively, GaN’s thermal238

conductivity reduces by half relative to its bulk value for films 1 µm in thickness. GaN device239

layers are typically on this order and will therefore exhibit thermal conductivities reduced240

relative to bulk values even if of pristine quality. Fully capitalizing upon the large intrinsic241
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The case of GaN: Collaboration with Thomas Beechem (SNL)
J. Appl. Phys. 120, 095104



Example: thermal conductivity of common high k substrates
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High power device thermal management – substrate effects

fiber array. A variable optical delay line in one of the paths was used to control the modulation
phase difference of the optical signal and switch between common mode, i.e., zero phase differ-
ence, and differential mode, i.e., phase difference of ð2n þ 1Þ!. The responsivity of these devices
was measured to be 0.75 A/W. To attain uniform illumination of the PDs, the fibers were pulled back
until the photoresponse dropped to half the peak value. The device under test was placed on a
thermoelectric cooler with a surface temperature of $ % 10 &C. The PDs were biased separately by
two dc source meters through bias-tees integrated on the microwave probe. The RF signal from the

TABLE 1

Epitaxial layer structure of CC-MUTC PDs with a cliff layer

Fig. 1. (a) SEM image of an InP chip with four pairs of balanced PDs and two single PDs. (b) Photo-
micrograph of a diamond submount. (c) Schematic cross-sectional view of balanced PDs flip-chip
bonded on a diamond submount. The blue arrows indicate the direction of heat flow.
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Substrate (Si, AlN, or diamond)

Collaboration with Joe Campbell (UVA)
J. Lightwave Technology 35, 4242 (2017)
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Thermal boundary conductance – nanoscale resistances
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High power device thermal management - nanoscale

fiber array. A variable optical delay line in one of the paths was used to control the modulation
phase difference of the optical signal and switch between common mode, i.e., zero phase differ-
ence, and differential mode, i.e., phase difference of ð2n þ 1Þ!. The responsivity of these devices
was measured to be 0.75 A/W. To attain uniform illumination of the PDs, the fibers were pulled back
until the photoresponse dropped to half the peak value. The device under test was placed on a
thermoelectric cooler with a surface temperature of $ % 10 &C. The PDs were biased separately by
two dc source meters through bias-tees integrated on the microwave probe. The RF signal from the

TABLE 1

Epitaxial layer structure of CC-MUTC PDs with a cliff layer

Fig. 1. (a) SEM image of an InP chip with four pairs of balanced PDs and two single PDs. (b) Photo-
micrograph of a diamond submount. (c) Schematic cross-sectional view of balanced PDs flip-chip
bonded on a diamond submount. The blue arrows indicate the direction of heat flow.
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Substrate (Si, AlN, or diamond)

Collaboration with Joe Campbell (UVA)
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Static control of phonon transport 
Defects/interfaces to permanently change k

Dynamic control of phonon transport 
Thermal conductivity switch – can we reversibly 

change k with an external stimulus?



Outline
Static control of phonon transport 

Defects/interfaces to permanently change k

• Spectral phonon transport effects on thermal 
conductivity
• When is a defect/interface “viewed” as a 

defect/interface from the phonon’s point of view

• Thermal conductivity of superlattices
• Spectral phonon effects in superlattices

• Long vs. short wavelength phonon transport
• Wave vs. particle effects

• When does a superlattice become a new 
material in the phonon’s view?
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Spectral phonon transport – The “bandwidth” of phonons

50% of heat in Si carried 
by phonons with 

MFP’s ~1 µm and less

Phys. Rev. B 84, 085204
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277 K. The results depend slightly on the number of k-point
mesh used for the integration within the FBZ. Here, we are
showing results obtained with 18 × 18 × 18 mesh, which is
close to convergence. The normal and umklapp components
of the lifetimes are separated as 1/τ = 1/τU + 1/τN . We note
that although the lifetimes associated with normal processes
are in 1/ω2, those of umklapp processes seem to scale at
low frequencies like 1/ω3, so that the former dominates at
low frequencies. This is in contrast to the first-principles
results provided by Ward and Broido,31 who report that the
umklapp rate is in ω4. Although not explicitly mentioned in
their paper,32 fits to their data with ω3 were almost as good as
the fit with ω4. In the Appendix, we provide a proof of why,
in the case of Si, the umklapp rate would behave as ω3.

From Fig. 5, we can notice that at low frequencies (typically
below 3 THz or 100 cm−1 where dispersions are linear), normal
rates dominate, while at higher frequencies and typically for
optical modes, umklapp processes dominate transport.

E. Thermal conductivity from lattice dynamics

To see the contribution of each MFP to the total thermal
conductivity, following the approach of Dames and Chen,33

we have decomposed the thermal conductivity based on each
mode and sorted each component according to their mean-free
paths. One can then define a differential thermal conductivity
and the accumulated one, which is its integral:

dκ($kλ) = 1
3
vkλ $kλ Cvkλ,

(21)

κ($) = 1
Nk

$kλ<$∑

kλ

dκ($kλ).

The above can be plotted versus the MFP, $, which can be
considered as an independent variable. Figure 6 shows such
contribution at 277 K. By considering the extrapolated value to
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FIG. 6. (Color online) Cumulative contributions of phonons to
the thermal conductivity at 277 K from the 18 × 18 × 18 k-point
mesh data. Left plot is according to the wavelengths, and right
plot is according to the MFPs. Both differential and cumulative
thermal conductivities are shown in blue and red, respectively.
For comparison, the extrapolated (to infinite k-point mesh) and
experimental κ are also shown with horizontal lines at 166 and
174 W/mK, respectively.

be 166 W/mK, one can notice that MFPs extend well beyond
10 microns, even at room temperature. Surprisingly, MFPs
longer than 1 micron contribute to almost half of the total
thermal conductivity. One should also note that the range of
MFPs, in Si at least, span over five orders of magnitude from
a nanometer to 100 microns at room temperature. This would
be larger as we go to lower temperatures.

To get an accurate estimate of the thermal conductivity,
one needs to extrapolate the data obtained from a finite
number of k-point mesh, according to Eq. (9). The extrapolated
thermal conductivity versus temperature is plotted in Fig. 7
and compared to the experimental results of Glassbrenner and
Slack29 and Inyushkin et al.34 We can notice that at low tem-
peratures, boundary scattering limits the experimental thermal
conductivity. The agreement is very good in the temperature
range of 100 to 500 K, after which experimental results
decay faster due to higher-order phonon scatterings, which
are 1/T 2 or higher. Our results are within the relaxation-time
approximation, but one could also go beyond and iteratively
solve the Boltzmann equation, as Broido et al. have done.16

They have shown that for Si and Ge, there would be about a
further 10% increase in κ .

To assess the effect of the classical approximation, which is
made in classical MD simulations, we have also compared in
Fig. 8, for a given k-point density, the classical and the quantum
thermal conductivities within the RTA. They are displayed with
symbols on the lines. The quantum one is given by Eq. (16),
and the classical one uses the same expression in which the
Bose-Einstein distribution is substituted by kBT /h̄ω, both in
the heat capacity and in the relaxation time. We can notice
that the difference is small above the Debye temperature, as
expected, but the classical value overestimates the quantum
one by 10% to 20% as the temperature is lowered further.
This is a combination of the larger heat capacity and a
smaller lifetime in the classical case. We have also plotted
the contribution of each mode to the thermal conductivity. We
can note that at low temperatures mainly, the two TA modes
equally contribute to κ , whereas at temperatures above 200 K,
LA and TA modes equally contribute about almost 1/3 of the
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the fit with ω4. In the Appendix, we provide a proof of why,
in the case of Si, the umklapp rate would behave as ω3.

From Fig. 5, we can notice that at low frequencies (typically
below 3 THz or 100 cm−1 where dispersions are linear), normal
rates dominate, while at higher frequencies and typically for
optical modes, umklapp processes dominate transport.

E. Thermal conductivity from lattice dynamics

To see the contribution of each MFP to the total thermal
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be 166 W/mK, one can notice that MFPs extend well beyond
10 microns, even at room temperature. Surprisingly, MFPs
longer than 1 micron contribute to almost half of the total
thermal conductivity. One should also note that the range of
MFPs, in Si at least, span over five orders of magnitude from
a nanometer to 100 microns at room temperature. This would
be larger as we go to lower temperatures.

To get an accurate estimate of the thermal conductivity,
one needs to extrapolate the data obtained from a finite
number of k-point mesh, according to Eq. (9). The extrapolated
thermal conductivity versus temperature is plotted in Fig. 7
and compared to the experimental results of Glassbrenner and
Slack29 and Inyushkin et al.34 We can notice that at low tem-
peratures, boundary scattering limits the experimental thermal
conductivity. The agreement is very good in the temperature
range of 100 to 500 K, after which experimental results
decay faster due to higher-order phonon scatterings, which
are 1/T 2 or higher. Our results are within the relaxation-time
approximation, but one could also go beyond and iteratively
solve the Boltzmann equation, as Broido et al. have done.16

They have shown that for Si and Ge, there would be about a
further 10% increase in κ .

To assess the effect of the classical approximation, which is
made in classical MD simulations, we have also compared in
Fig. 8, for a given k-point density, the classical and the quantum
thermal conductivities within the RTA. They are displayed with
symbols on the lines. The quantum one is given by Eq. (16),
and the classical one uses the same expression in which the
Bose-Einstein distribution is substituted by kBT /h̄ω, both in
the heat capacity and in the relaxation time. We can notice
that the difference is small above the Debye temperature, as
expected, but the classical value overestimates the quantum
one by 10% to 20% as the temperature is lowered further.
This is a combination of the larger heat capacity and a
smaller lifetime in the classical case. We have also plotted
the contribution of each mode to the thermal conductivity. We
can note that at low temperatures mainly, the two TA modes
equally contribute to κ , whereas at temperatures above 200 K,
LA and TA modes equally contribute about almost 1/3 of the
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version, we find that only modes with vibrational frequencies
equal to the frequency of the incident wave packet are ex-
cited, corresponding to perfectly elastic scattering.

The scattering event can be further analyzed by studying
the fraction of energy scattered into various modes using Eq.
!5". We first show in Fig. 6 the fraction of energy transmitted
into LA modes with kxy!0. For the waves transmitted to the
region z"0, this represents the portion of the incident energy
that is not scattered by the grain boundary. We see that a
significant fraction of the energy is in fact not scattered by
the grain boundary below a frequency of about 9 THz. How-
ever, for frequencies above 9 THz, most of the incident en-
ergy is scattered.

For the case of scattering that involves normal modes
different from the incident LA mode, it is important to con-
sider the density of states !DOS" for the perfect crystal grain.
For the !001"#29 system, the total DOS is shown in Fig. 7.
By comparing to the DOS for an infinite system shown in the
inset of Fig. 7, it is clear that much of the structure in Fig. 7
is due to the finite size of the simulation cell. We analyze the

scattering into TA modes and LA modes with kxy"0 in Fig.
8. In Fig. 8!a", we see that significant amounts of the incident
wave packet can be transmitted and reflected into TA modes.
In Fig. 8!b" we show the contribution to the total DOS !see
Fig. 7" that is due to the TA modes. It is clear that the scat-
tering into TA modes can happen only for incident frequen-
cies where there is a finite DOS of TA modes. Figure 8!c"
shows that the energy transmitted and reflected into LA
modes with kxy"0 can be significant, especially for frequen-
cies above 8 THz. As with the TAmodes, it can be seen from
Fig. 8!d" that the amount of energy scattered into these
modes depends strongly on the DOS due to these modes.

For the scattering of LA wave packets from the
!001"#101 boundary, the picture is rather different. In Fig. 9
we show the transmission and reflection coefficients for this
boundary. Comparing Fig. 9 to Fig. 4, it is apparent that a
larger fraction of the incident energy is transmitted to the
region z"0. Furthermore, Fig. 10 shows that much of the
transmitted energy remains in LA modes with kxy!0, and
hence is not scattered by the grain boundary. For all of the

FIG. 5. Analysis of the transmitted wave packets for a wave packet with
kz!0.400(2$/a0) incident on the !001"#29 GB. The displacements in this
picture correspond to those in Fig. 3!b" at t!33.2 ps. At the top, we show
the total atomic displacements. In the next panel below, we show only the
components of the wave that correspond to LA modes with kxy!0. Because
these modes are the same as those that comprised the incident wave packet,
this part of the transmitted wave is unscattered. We next show the LAmodes
that are scattered, i.e., those modes that have kxy"0. Finally, in the bottom
panel we show the displacements that are just due to TA modes.

FIG. 6. The transmission coefficient % and the reflection coefficient can be
understood in terms of the contributions of the various final states. Shown
for incident LA wave packets scattered from a !001"#29 grain boundary are
the fraction of the incident energy that is transmitted !filled circles" and
reflected !open circles" into LA modes with kxy!0.

FIG. 7. Total density of states !DOS" for a bulk perfect crystal with the size
and orientation of one of the two grains in the simulation cell used to study
the !001"#29 grain boundary. The inset shows the total DOS for an infinite
bulk perfect crystal.

FIG. 8. The final states excited after the scattering event depend strongly on
the DOS at the frequency of the incident wave packet. For scattering from
the !001"#29 grain boundary, the incident LA wave packet can excite TA
modes and also LA modes with kxy"0. We show in !a" the fraction of
incident energy transmitted !filled circles" and reflected !open circles" into
TA modes. In !b" we show the contribution to the total DOS !see Fig. 7" due
to TA modes. The fraction of the incident energy transmitted !filled circles"
and reflected !open circles" into LA modes with kxy"0 is shown in !c", with
the contribution to the DOS of these modes shown in !d".
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Spectral phonon transport – The “bandwidth” of phonons
How do defects play a role?
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different phonon modes and reduce thermal conductivity. A 
schematic diagram is shown in  Figure    5   capturing these var-
ious phonon scattering mechanisms, along with the electrical 
transport within a thermoelectric material.  

 Thus, in certain cases nanodots clearly play a very signifi cant 
role in reducing lattice thermal conductivity, probably by effec-
tively scattering phonons that otherwise would have relatively 
long mean free paths. In many of these cases it has been clearly 
demonstrated that the reduction in thermal conductivity far 
exceeds any concomitant reduction in the power factor caused 

of Sb. [  73  ]  In contrast, similar fractions of nanoparticles of Bi or 
Pb (two elements that have the same atomic mass as the Pb ions 
in the rock salt lattice) were found to have no such effect. [  73  ,  81  ]  
ErAs:InGaAs is another interesting example to study along 
these lines since the size distribution of ErAs nanoparticles in 
the matrix is not a strong function of the growth parameters 
and they are typically 2–4 nm in diameter [Figure  3 c]. [  82  ]  The 
volume fraction of the embedded nanoparticles can be easily 
changed from 0.01-6% without introducing defects or disloca-
tions. Thermal conductivity measurements show a reduction by 
as much as a factor of 3 compared to the bulk 
alloy [Figure  4 b].  

 The question remains as to why the inclu-
sion of nanodots can reduce the thermal 
conductivity below the alloy limit. Detailed 
calculations of phonon transport have been 
performed for ErAs:InGaAs materials, 
although the principles developed through 
these studies are fairly general and apply for 
other nanodot material systems as well. [  72  ,  82  ]  
Atomic scale defects in alloys scatter pho-
nons due to differences in mass or due to 
generation of strain fi elds, and the scattering 
cross-section follows Rayleigh scattering as 
 d  6 /  λ   4 , where  d  is the nanodot diameter and 
  λ   is the phonon wavelength. Hence, short 
wavelength phonons are effectively scattered 
in alloys, but the mid-to-long wavelength 
phonons can propagate without signifi cant 
scattering and thereby still contribute to heat 
conduction. By inclusion of nanoparticles, 
signifi cant reduction in lattice thermal con-
ductivity can be achieved by the additional 
scattering of mid- and long-wavelength pho-
nons by the nanoparticles. Calculations show 
that a wide size distribution of nanoparticles 
is preferable since it can effectively scatter 

      Figure  5 .     Schematic diagram illustrating various phonon scattering mechanisms within a ther-
moelectric material, along with electronic transport of hot and cold electrons. Atomic defects 
are effective at scattering short wavelength phonons, but larger embedded nanoparticles are 
required to scatter mid- and long-wavelength phonons effectively. Grain boundaries can also 
play an effective role in scattering these longer-wavelength phonons.  

Nanoparticle

Short wavelength phonon

Mid/long wavelength phonon

Atomic 
defect

Grain
boundary

Hot Electron

Cold Electron

      Figure  4 .     Lattice thermal conductivity as a function of temperature for: (a) various PbTe-based alloys (x  =  0.1) and nanostructured samples. The value of 
x  =  0.1 was chosen because these samples have the same concentration of added component to PbTe as those in LAST-18 and SALT-20. (b) InGaAs with 
and without embedded ErAs nanodots. It is seen in both cases that the inclusion of nanodots into the microstructure results in a signifi cant reduction 
to the lattice thermal conductivity. In the PbTe system solid solution alloying is effective around room temperature (see black dotted arrow) but not at 
high temperature. Nanostructuring is shown to be effective both at room temperature and at high temperatures (see brown dotted arrows).  
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Short wave 
point defects

Long wave 
Boundaries

conductivity increases with thickness, we can safely say that
the reduction is not due to film dislocations. Intriguingly,
the thermal conductivities of the alloy thin films measured
in this Letter are among the lowest of any of the previous
measurements on SiGe-based thin-film systems. We note
that the only previous data that approach our lowest mea-
sured value are those in which the authors admit that the
measured samples have poor crystal quality (black filled
squares in Fig. 2) [2].

To quantify this effect, we turn to a model originally
proposed by Wang and Mingo [31], in which thermal
conductivity ! is given by

! ¼
Z @!c=kBT

0

k4BT
3

2"2v@3 #ðT; yÞy4 exp ðyÞ
½exp ðyÞ % 1&2 dy; (1)

where kB is Boltzmann’s constant, @ is Planck’s constant
divided by 2", T is temperature, and y ¼ @!=kBT
is a dimensionless parameter. The average velocity v is
calculated by v ¼ ½ð1% xÞv%2

Si þ xv%2
Ge&%1=2, where x is

the Ge concentration and vSi and vGe are the average
speeds of sound in Si and Ge, respectively, as calculated
by Wang and Mingo [31]. The scattering time for a given
frequency, #, is related to the individual processes via
Mattheissen’s rule # ¼ ð#%1

U þ #%1
a þ #%1

b Þ%1, where #U,

#a, and #b are the umklapp, alloy, and boundary scattering
times, respectively. These are given by

#U ¼ ½ð1% xÞ#%1
U;Si þ x#%1

U;Ge&%1; (2)

#a ¼ ½xð1% xÞA!4&%1; (3)

and
#b ¼ d=v; (4)

where
#%1
U;SiðGeÞ ¼ BSiðGeÞ!

2 exp ð%CSiðGeÞ=TÞ: (5)

The constants A, B, andC are taken from Ref. [31], and d is
the film thickness.
Our model is thus identical to that in Ref. [31] except

for the cutoff frequency, which we define as !c ¼ 2"v=a,
with a being the lattice constant of the Si1%xGex film
approximated by Vegard’s law: a ¼ ð1% xÞaSi þ xaGe,
where aSi and aGe are the lattice constants of silicon and
germanium, respectively. Equation (1) assumes a disper-
sionless, Debye system. This is acceptable for Si1%xGex
systems with nondilute alloying compositions, since the
dispersive phonons scatter strongly with the alloy atoms
due to their high frequencies. This assertion is substanti-
ated by the reasonable agreement found between this
model, our data, and previously reported measurements
on thin-film alloys in Refs. [2,7,23] as shown in Fig. 2.
To first assess the role of alloy composition, Fig. 3

shows the measured thermal conductivity versus Ge
concentration and the predictions of the thermal conduc-
tivity for bulk and thin-film Si1%xGex of three different
thicknesses at room temperature using Eq. (1). For
Si1%xGex with 0:2< x< 0:8, we found that the thermal
conductivity is almost flat and in agreement with our
experimental results. This lack of dependence on the Ge
concentration is much more pronounced in thin films than
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FIG. 2 (color online). Thermal conductivity measurements on
Si0:8Ge0:2 of the thickness series along with previously reported
values of different Si/Ge superlattices, alloy-based superlattices,
and alloy films at room temperature. Closed symbols represent
superlattices; open symbols represent Si1%xGex films. The ther-
mal conductivity is plotted versus (a) period or film thickness
and (b) total sample thickness. The figure also shows the model
presented in Eq. (1).

0.0 0.2 0.4 0.6 0.8 1.0
0

1

2

3

4

5

6

7

8

9

10

 Composition Series
 Thickness Series

T = 300K

T
he

rm
al

 C
on

du
ct

iv
ity

 (W
m

-1
K

-1
)

Ge Composition

Bulk

500 nm

100 nm

300 nm

FIG. 3 (color online). Predictions of the thermal conductivity
as a function of Ge composition for bulk and thin-film Si1%xGex
of three different thicknesses calculated at room temperature
by using Eq. (1). The symbols correspond to experimental data
on the thickness series (down open triangles) and composition
series (up filled triangles). With decreasing film thickness,
alloying induces smaller and smaller changes in the thermal
conductivity as size effects begin to dominate.

PRL 109, 195901 (2012) P HY S I CA L R EV I EW LE T T E R S
week ending

9 NOVEMBER 2012

195901-3

Phys. Rev. Lett. 109, 195901

Thermal conductivity 
Si1-xGex alloys



Spectral phonon transport – The “bandwidth” of phonons
How do defects play a role?

3976

R
EV

IE
W

www.advmat.de
www.MaterialsViews.com

© 2010 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim Adv. Mater. 2010, 22, 3970–3980wileyonlinelibrary.com

different phonon modes and reduce thermal conductivity. A 
schematic diagram is shown in  Figure    5   capturing these var-
ious phonon scattering mechanisms, along with the electrical 
transport within a thermoelectric material.  

 Thus, in certain cases nanodots clearly play a very signifi cant 
role in reducing lattice thermal conductivity, probably by effec-
tively scattering phonons that otherwise would have relatively 
long mean free paths. In many of these cases it has been clearly 
demonstrated that the reduction in thermal conductivity far 
exceeds any concomitant reduction in the power factor caused 

of Sb. [  73  ]  In contrast, similar fractions of nanoparticles of Bi or 
Pb (two elements that have the same atomic mass as the Pb ions 
in the rock salt lattice) were found to have no such effect. [  73  ,  81  ]  
ErAs:InGaAs is another interesting example to study along 
these lines since the size distribution of ErAs nanoparticles in 
the matrix is not a strong function of the growth parameters 
and they are typically 2–4 nm in diameter [Figure  3 c]. [  82  ]  The 
volume fraction of the embedded nanoparticles can be easily 
changed from 0.01-6% without introducing defects or disloca-
tions. Thermal conductivity measurements show a reduction by 
as much as a factor of 3 compared to the bulk 
alloy [Figure  4 b].  

 The question remains as to why the inclu-
sion of nanodots can reduce the thermal 
conductivity below the alloy limit. Detailed 
calculations of phonon transport have been 
performed for ErAs:InGaAs materials, 
although the principles developed through 
these studies are fairly general and apply for 
other nanodot material systems as well. [  72  ,  82  ]  
Atomic scale defects in alloys scatter pho-
nons due to differences in mass or due to 
generation of strain fi elds, and the scattering 
cross-section follows Rayleigh scattering as 
 d  6 /  λ   4 , where  d  is the nanodot diameter and 
  λ   is the phonon wavelength. Hence, short 
wavelength phonons are effectively scattered 
in alloys, but the mid-to-long wavelength 
phonons can propagate without signifi cant 
scattering and thereby still contribute to heat 
conduction. By inclusion of nanoparticles, 
signifi cant reduction in lattice thermal con-
ductivity can be achieved by the additional 
scattering of mid- and long-wavelength pho-
nons by the nanoparticles. Calculations show 
that a wide size distribution of nanoparticles 
is preferable since it can effectively scatter 

      Figure  5 .     Schematic diagram illustrating various phonon scattering mechanisms within a ther-
moelectric material, along with electronic transport of hot and cold electrons. Atomic defects 
are effective at scattering short wavelength phonons, but larger embedded nanoparticles are 
required to scatter mid- and long-wavelength phonons effectively. Grain boundaries can also 
play an effective role in scattering these longer-wavelength phonons.  
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      Figure  4 .     Lattice thermal conductivity as a function of temperature for: (a) various PbTe-based alloys (x  =  0.1) and nanostructured samples. The value of 
x  =  0.1 was chosen because these samples have the same concentration of added component to PbTe as those in LAST-18 and SALT-20. (b) InGaAs with 
and without embedded ErAs nanodots. It is seen in both cases that the inclusion of nanodots into the microstructure results in a signifi cant reduction 
to the lattice thermal conductivity. In the PbTe system solid solution alloying is effective around room temperature (see black dotted arrow) but not at 
high temperature. Nanostructuring is shown to be effective both at room temperature and at high temperatures (see brown dotted arrows).  
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conductivity increases with thickness, we can safely say that
the reduction is not due to film dislocations. Intriguingly,
the thermal conductivities of the alloy thin films measured
in this Letter are among the lowest of any of the previous
measurements on SiGe-based thin-film systems. We note
that the only previous data that approach our lowest mea-
sured value are those in which the authors admit that the
measured samples have poor crystal quality (black filled
squares in Fig. 2) [2].

To quantify this effect, we turn to a model originally
proposed by Wang and Mingo [31], in which thermal
conductivity ! is given by

! ¼
Z @!c=kBT

0

k4BT
3

2"2v@3 #ðT; yÞy4 exp ðyÞ
½exp ðyÞ % 1&2 dy; (1)

where kB is Boltzmann’s constant, @ is Planck’s constant
divided by 2", T is temperature, and y ¼ @!=kBT
is a dimensionless parameter. The average velocity v is
calculated by v ¼ ½ð1% xÞv%2

Si þ xv%2
Ge&%1=2, where x is

the Ge concentration and vSi and vGe are the average
speeds of sound in Si and Ge, respectively, as calculated
by Wang and Mingo [31]. The scattering time for a given
frequency, #, is related to the individual processes via
Mattheissen’s rule # ¼ ð#%1

U þ #%1
a þ #%1

b Þ%1, where #U,

#a, and #b are the umklapp, alloy, and boundary scattering
times, respectively. These are given by

#U ¼ ½ð1% xÞ#%1
U;Si þ x#%1

U;Ge&%1; (2)

#a ¼ ½xð1% xÞA!4&%1; (3)

and
#b ¼ d=v; (4)

where
#%1
U;SiðGeÞ ¼ BSiðGeÞ!

2 exp ð%CSiðGeÞ=TÞ: (5)

The constants A, B, andC are taken from Ref. [31], and d is
the film thickness.
Our model is thus identical to that in Ref. [31] except

for the cutoff frequency, which we define as !c ¼ 2"v=a,
with a being the lattice constant of the Si1%xGex film
approximated by Vegard’s law: a ¼ ð1% xÞaSi þ xaGe,
where aSi and aGe are the lattice constants of silicon and
germanium, respectively. Equation (1) assumes a disper-
sionless, Debye system. This is acceptable for Si1%xGex
systems with nondilute alloying compositions, since the
dispersive phonons scatter strongly with the alloy atoms
due to their high frequencies. This assertion is substanti-
ated by the reasonable agreement found between this
model, our data, and previously reported measurements
on thin-film alloys in Refs. [2,7,23] as shown in Fig. 2.
To first assess the role of alloy composition, Fig. 3

shows the measured thermal conductivity versus Ge
concentration and the predictions of the thermal conduc-
tivity for bulk and thin-film Si1%xGex of three different
thicknesses at room temperature using Eq. (1). For
Si1%xGex with 0:2< x< 0:8, we found that the thermal
conductivity is almost flat and in agreement with our
experimental results. This lack of dependence on the Ge
concentration is much more pronounced in thin films than
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FIG. 2 (color online). Thermal conductivity measurements on
Si0:8Ge0:2 of the thickness series along with previously reported
values of different Si/Ge superlattices, alloy-based superlattices,
and alloy films at room temperature. Closed symbols represent
superlattices; open symbols represent Si1%xGex films. The ther-
mal conductivity is plotted versus (a) period or film thickness
and (b) total sample thickness. The figure also shows the model
presented in Eq. (1).
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different phonon modes and reduce thermal conductivity. A 
schematic diagram is shown in  Figure    5   capturing these var-
ious phonon scattering mechanisms, along with the electrical 
transport within a thermoelectric material.  

 Thus, in certain cases nanodots clearly play a very signifi cant 
role in reducing lattice thermal conductivity, probably by effec-
tively scattering phonons that otherwise would have relatively 
long mean free paths. In many of these cases it has been clearly 
demonstrated that the reduction in thermal conductivity far 
exceeds any concomitant reduction in the power factor caused 

of Sb. [  73  ]  In contrast, similar fractions of nanoparticles of Bi or 
Pb (two elements that have the same atomic mass as the Pb ions 
in the rock salt lattice) were found to have no such effect. [  73  ,  81  ]  
ErAs:InGaAs is another interesting example to study along 
these lines since the size distribution of ErAs nanoparticles in 
the matrix is not a strong function of the growth parameters 
and they are typically 2–4 nm in diameter [Figure  3 c]. [  82  ]  The 
volume fraction of the embedded nanoparticles can be easily 
changed from 0.01-6% without introducing defects or disloca-
tions. Thermal conductivity measurements show a reduction by 
as much as a factor of 3 compared to the bulk 
alloy [Figure  4 b].  

 The question remains as to why the inclu-
sion of nanodots can reduce the thermal 
conductivity below the alloy limit. Detailed 
calculations of phonon transport have been 
performed for ErAs:InGaAs materials, 
although the principles developed through 
these studies are fairly general and apply for 
other nanodot material systems as well. [  72  ,  82  ]  
Atomic scale defects in alloys scatter pho-
nons due to differences in mass or due to 
generation of strain fi elds, and the scattering 
cross-section follows Rayleigh scattering as 
 d  6 /  λ   4 , where  d  is the nanodot diameter and 
  λ   is the phonon wavelength. Hence, short 
wavelength phonons are effectively scattered 
in alloys, but the mid-to-long wavelength 
phonons can propagate without signifi cant 
scattering and thereby still contribute to heat 
conduction. By inclusion of nanoparticles, 
signifi cant reduction in lattice thermal con-
ductivity can be achieved by the additional 
scattering of mid- and long-wavelength pho-
nons by the nanoparticles. Calculations show 
that a wide size distribution of nanoparticles 
is preferable since it can effectively scatter 

      Figure  5 .     Schematic diagram illustrating various phonon scattering mechanisms within a ther-
moelectric material, along with electronic transport of hot and cold electrons. Atomic defects 
are effective at scattering short wavelength phonons, but larger embedded nanoparticles are 
required to scatter mid- and long-wavelength phonons effectively. Grain boundaries can also 
play an effective role in scattering these longer-wavelength phonons.  
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      Figure  4 .     Lattice thermal conductivity as a function of temperature for: (a) various PbTe-based alloys (x  =  0.1) and nanostructured samples. The value of 
x  =  0.1 was chosen because these samples have the same concentration of added component to PbTe as those in LAST-18 and SALT-20. (b) InGaAs with 
and without embedded ErAs nanodots. It is seen in both cases that the inclusion of nanodots into the microstructure results in a signifi cant reduction 
to the lattice thermal conductivity. In the PbTe system solid solution alloying is effective around room temperature (see black dotted arrow) but not at 
high temperature. Nanostructuring is shown to be effective both at room temperature and at high temperatures (see brown dotted arrows).  
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Spectral phonon transport – Nanograined alloys

Nanograined Si80Ge20

(MC) simulations,34 which are supported by experimental
results.34,35 In addition, Ordonex-Miranda et al. showed that
the DEM model and the finite element method were consistent
with each other in their thermal conductivity study.36

Considering the results shown in Figs. 1(a) and 1(b)
together, the use of our modified DEM in our method for
phonon thermal conductivity predictions yields an easier,
more efficient, and more accurate way to calculate the lattice
thermal conductivity of both homo- and heterogeneous nano-
materials and nanocomposites as compared to previously
used approaches. Therefore, our proposed model can be used
to study phonon transport in nanocomposite systems going
beyond simple thermal conductivity predictions via calcula-
tions of phonon thermal conductivity accumulation as a
function of the mean free path.

In the remainder of this work, we extend the use of our
DEM approach to nanograined Si-Ge bulk systems. We fabri-
cate a silicon control sample and Si80Ge20 samples with vary-
ing grain sizes. Ingots of both compositions are prepared by
arc melting under an argon atmosphere. Ingots are pulverized
into 1–30 lm size powders. These micro powders are consoli-
dated using Spark Plasma Sintering (Thermal Technologies
SPS 10-4). To produce fully dense compacted disks with
relative large grain sizes, Si and Si80Ge20 samples are sintered
at 1280 !C and 1210 !C, respectively, for 4 min under 60 MPa.
As for the nanostructured systems Si80Ge20, micro-powders of
Si and Si80Ge20 are loaded into a 440C stainless steel vial and
two 0.500 and four 0.2500 stainless steel balls. This process is

performed in a glove box under an argon atmosphere. The vial
is then sealed and placed in a SPEX 8000D vibrational mixer.
The powders are ball milled for 40 h for the Si80Ge20 systems.
The ball milled powders are then compacted by SPS. We
determine the grain size of the disks by the cleaved cross sec-
tion analyzed under a SEM (Fig. 2). The grain sizes for the sili-
con control extend to as large as 30 lm, while the ranges of
grain sizes determined for the various Si80Ge20 samples are
listed in the caption of Fig. 2. We mechanically polish all sam-
ples after deposition to facilitate TDTR measurements, and the
resulting RMS roughnesses determined via mechanical profil-
ometry maps were 30 6 10 nm.

We conduct experimental measurements of the thermal
conductivity of these systems using TDTR with varying
pump modulation frequencies, which effectively varies the
heater length scale. This approach has been recently vetted
for studying accumulation effects on the thermal conductiv-
ity of alloys.37 The fabrication and characterization of the
various Si and Si80Ge20 samples and details of our TDTR
measurements, including the validity of the use of a diffusive
heat equation-based model for TDTR data analysis,37 are
included in the supplementary material.

We alter the modulation frequency of the pump beam dur-
ing our TDTR measurements from 1.49 MHz to 12.2 MHz.
The thermal penetration depth (Lz) was determined using the
solution to the radially symmetric heat diffusion equation
where the full spatial temperature profile was calculated.38 The
use of our relatively large pump and probe spot sizes allows
our TDTR measurements at the various frequencies to be
directly related to the thermal transport physics in the cross-
plane direction, therefore reducing measurement sensitivities
to in-plane non-diffusive thermal transport.37,39 Furthermore,
the use of Al as our thin film transducer will allow for direct
comparison of our measurements to previous reports of
Fourier failure in Si-Ge-based systems without the potential
for additional electron-phonon resistances in the metal film to
complicate our results and analyses.40

As discussed by several recent works,37,40–44 we relate
the changing thermal penetration depth with the varying fre-
quencies during TDTR experiments to changes in the net
heat flux. Thus, we modify our EMA modeling approach to
separate the thermal conductivity of the samples into a high
frequency mode component (diffusive) and a low frequency
mode component (quasi-ballistic). To determine the cut-off
MFP that separates these high and low frequency mode
regimes, a plausible way is to equate the MFP to the thermal
penetration depth, and then, this MFP is used to determine
the corresponding wavenumber q . As another approach, we
also use a compact heat conduction model based on the two-
fluid assumption (bridge function).44 In this model, we write
the net heat flux in the form of J ¼ jLF þ jHF, where jLF and
jHF are the low and high frequency mode contributions to the

FIG. 1. (a) Normalized thermal conductivity of silicon nanowires calculated
using the Holland model (solid black) and BvKS model (dashed, blue), both
of which were taken from the study by Yang and Dames,33 as compared to
our non-gray DEM (dotted red), and the experimental data from the study by
Li et al.32 (b) Lattice thermal conductivity jL of the Si/Ge nanocomposite
dependence on Si nanoparticles’s volume fraction at room temperature
(T ¼ 300 K), with an average grain size d ¼ 10 nm. Non-gray DEM simula-
tion with the grain size dispersion-standard deviation of 0:577d (dotted, red)
is compared with Jeng’s MC simulation (black diamonds),34 gray EMA
(black solid), and non-gray EMA (blue dashed).

FIG. 2. SEM micrographs of Si80Ge20 systems: (a) Si80Ge20 2.0 6 0.17 lm,
(d) Si80Ge20 110 6 21 nm, and (e) Si80Ge20 73 6 29 nm.

131902-3 Chen et al. Appl. Phys. Lett. 111, 131902 (2017)
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heat flux. This approach is detailed in the supplementary
material. We find that for these alloys, both approaches yield
similar results due to the alloy transport being dominated by
the near-zone center modes.

We now use our approach to analyze the TDTR data
taken on the Si80Ge20 systems, comprised of samples with
average grain sizes of 2 lm, 110 nm, and 73 nm. For all nano-
grained samples, we observe the frequency dependence in the
measured thermal conductivity, as shown in Fig. 3, implying
that as our measurement depth is increased, the thermal con-
ductivity is also increased. Note that these data show similar
trends to the previously reported frequency dependent TDTR
data on SiGe alloys.37,45,46 We attribute this effect to the
accumulation of the lattice thermal conductivity as we probe
into the length scales that capture the heat carrying mean free
paths in this system. Based on previous works, this frequency
dependent trend might suggest that phonons with mean free
paths greater than the thermal penetration depth carry sub-
stantial amounts of heat in these systems, and our measure-
ments are related to an accumulation of phonon mean free
paths.37,40–44 This, however, is counter-intuitive to tradition-
ally implemented phonon transport dynamics that assume
phonons with mean free paths greater than the grain size will
scatter and thus not contribute to thermal conductivity (as
predicted via the traditionally assumed FBL model).

The traditionally implemented assumptions in the FBL
model force all phonons to scatter at a length scale defined
by the grain boundary. Thus, regardless of the assumption of
what phonons are considered quasi-ballistic and diffusive
(i.e., hard cutoff or bridge function to separate these two
regimes), the FBL always predicts a leveling off of the accu-
mulative thermal conductivity at much shorter length scales
than that observed in the experimental data (Fig. 3), since by
definition, it restricts the propagation of long wavelength
phonons. The use of the bridge function and implementation
of the two-fluid assumption in the modeling of the accumula-
tion of thermal conductivity yields predicted trends, in good
agreement with our measured frequency dependent thermal
conductivity data. For the three different grain sizes, our
DEM approach exhibits improved agreement with the exper-
imental data over the varying thermal penetration depths as
compared to the other models (FBL and SBL). Thus, the
spectral contribution to thermal conductivity in the nano-
grained Si80Ge20 samples cannot be predicted from tradition-
ally assumed boundary scattering models (e.g., FBL, which
will truncate phonon transport at a limiting length scale,
such as a grain boundary). Phonon scattering cross sections,

such as those calculated when applying the SBL and DEM,
must be accounted for to properly model this phenomenon.

The FBL fails to account for the long wavelength phonon
transport, as it assumes that these phonons will scatter with the
grain boundaries. This discrepancy is most pronounced for the
110 and 73 nm samples. While long wavelength-dominated
phonon transport is well known in crystalline alloys (due to
high frequency phonon-mass impurity scattering),47–50 the role
of grain boundaries and their interplay among long wavelength
phonon transport and phonon-mass impurity scattering has
been less-frequently explored. Our results suggest that creating
nanograins in crystalline alloys may not have as pronounced as
an effect on lowering thermal conductivity as predicted by tra-
ditional boundary scattering theories, such as those assumed in
the FBL. Since the majority of the thermal transport in crystal-
line alloys is driven by the long wavelength, large wave vector
phonons (cf. Fig. 3), the scattering cross section of nanograins
could be too small to create a significant impact on the major-
ity of the heat carrying phonons, which is demonstrated by the
modest frequency dependence in the 110 and 73 nm alloys as
compared to the 2 lm sample.

In summary, we present a modeling approach that uti-
lizes a frequency-dependent effective medium method to cal-
culate the lattice thermal conductivity of nanostructured
solids. This allows for the study of spectral phonon scattering
and spectral contributions to thermal conductivity in nano-
structured solids. Through thermal conductivity accumula-
tion calculations with our modified effective medium model,
we show that phonons with wavelengths much greater than
the average grain size will not be impacted by grain bound-
ary scattering, counter to the traditionally assumed notion
that grain boundaries in solids will act as diffusive interfaces
that will limit long wavelength phonon transport.

See supplementary material for more details on the fol-
lowing: S1, Details of the “Fixed Boundary Length” (FBL)
and “Spectral Boundary Length” (SBL) models, assump-
tions, and calculations; S2, TDTR Measurements; S3,
Validity of the use of a diffusive heat equation-based model
when analyzing TDTR data; S4, The cut-off mean free path
vs thermal penetration depth determined by the bridge func-
tion and hard cutoff approaches; S5, Details of spectral ther-
mal conductivity calculations using the DEM approach for
nanograined Si80Ge20 systems.

This material is based upon work supported by the Air
Force Office of Scientific Research under Award No.
FA9550-15-1-0079.

FIG. 3. Modeled (lines) and measured (points) accumulated thermal conductivity vs. thermal penetration depth for Si80Ge20 samples with average grain sizes
of (a) 2 lm, (b) 110 nm, and (3) 73 nm. Note, we define the TDTR penetration depth as 2Lz, as we discuss in the supplementary material.
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heat flux. This approach is detailed in the supplementary
material. We find that for these alloys, both approaches yield
similar results due to the alloy transport being dominated by
the near-zone center modes.

We now use our approach to analyze the TDTR data
taken on the Si80Ge20 systems, comprised of samples with
average grain sizes of 2 lm, 110 nm, and 73 nm. For all nano-
grained samples, we observe the frequency dependence in the
measured thermal conductivity, as shown in Fig. 3, implying
that as our measurement depth is increased, the thermal con-
ductivity is also increased. Note that these data show similar
trends to the previously reported frequency dependent TDTR
data on SiGe alloys.37,45,46 We attribute this effect to the
accumulation of the lattice thermal conductivity as we probe
into the length scales that capture the heat carrying mean free
paths in this system. Based on previous works, this frequency
dependent trend might suggest that phonons with mean free
paths greater than the thermal penetration depth carry sub-
stantial amounts of heat in these systems, and our measure-
ments are related to an accumulation of phonon mean free
paths.37,40–44 This, however, is counter-intuitive to tradition-
ally implemented phonon transport dynamics that assume
phonons with mean free paths greater than the grain size will
scatter and thus not contribute to thermal conductivity (as
predicted via the traditionally assumed FBL model).

The traditionally implemented assumptions in the FBL
model force all phonons to scatter at a length scale defined
by the grain boundary. Thus, regardless of the assumption of
what phonons are considered quasi-ballistic and diffusive
(i.e., hard cutoff or bridge function to separate these two
regimes), the FBL always predicts a leveling off of the accu-
mulative thermal conductivity at much shorter length scales
than that observed in the experimental data (Fig. 3), since by
definition, it restricts the propagation of long wavelength
phonons. The use of the bridge function and implementation
of the two-fluid assumption in the modeling of the accumula-
tion of thermal conductivity yields predicted trends, in good
agreement with our measured frequency dependent thermal
conductivity data. For the three different grain sizes, our
DEM approach exhibits improved agreement with the exper-
imental data over the varying thermal penetration depths as
compared to the other models (FBL and SBL). Thus, the
spectral contribution to thermal conductivity in the nano-
grained Si80Ge20 samples cannot be predicted from tradition-
ally assumed boundary scattering models (e.g., FBL, which
will truncate phonon transport at a limiting length scale,
such as a grain boundary). Phonon scattering cross sections,

such as those calculated when applying the SBL and DEM,
must be accounted for to properly model this phenomenon.

The FBL fails to account for the long wavelength phonon
transport, as it assumes that these phonons will scatter with the
grain boundaries. This discrepancy is most pronounced for the
110 and 73 nm samples. While long wavelength-dominated
phonon transport is well known in crystalline alloys (due to
high frequency phonon-mass impurity scattering),47–50 the role
of grain boundaries and their interplay among long wavelength
phonon transport and phonon-mass impurity scattering has
been less-frequently explored. Our results suggest that creating
nanograins in crystalline alloys may not have as pronounced as
an effect on lowering thermal conductivity as predicted by tra-
ditional boundary scattering theories, such as those assumed in
the FBL. Since the majority of the thermal transport in crystal-
line alloys is driven by the long wavelength, large wave vector
phonons (cf. Fig. 3), the scattering cross section of nanograins
could be too small to create a significant impact on the major-
ity of the heat carrying phonons, which is demonstrated by the
modest frequency dependence in the 110 and 73 nm alloys as
compared to the 2 lm sample.

In summary, we present a modeling approach that uti-
lizes a frequency-dependent effective medium method to cal-
culate the lattice thermal conductivity of nanostructured
solids. This allows for the study of spectral phonon scattering
and spectral contributions to thermal conductivity in nano-
structured solids. Through thermal conductivity accumula-
tion calculations with our modified effective medium model,
we show that phonons with wavelengths much greater than
the average grain size will not be impacted by grain bound-
ary scattering, counter to the traditionally assumed notion
that grain boundaries in solids will act as diffusive interfaces
that will limit long wavelength phonon transport.

See supplementary material for more details on the fol-
lowing: S1, Details of the “Fixed Boundary Length” (FBL)
and “Spectral Boundary Length” (SBL) models, assump-
tions, and calculations; S2, TDTR Measurements; S3,
Validity of the use of a diffusive heat equation-based model
when analyzing TDTR data; S4, The cut-off mean free path
vs thermal penetration depth determined by the bridge func-
tion and hard cutoff approaches; S5, Details of spectral ther-
mal conductivity calculations using the DEM approach for
nanograined Si80Ge20 systems.
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FIG. 2. (a), (b) STEM images on two of the AlAs-GaAs SL samples. (c) Cross-plane thermal conductivity measurements on three sets of
AlAs-GaAs SLs of 2, 12, and 24 nm period thicknesses and a set of thin film GaAs samples plotted versus SL thickness, L, at room temperature.
The lines connecting the various data sets are guides to the eye. The figure also shows good agreement between our measurement results on
samples with dSL = 24 nm and those by Luckyanova et al. [6]. The inset is a zoomed view of the data for samples with L < 136 nm plotted
on a linear-linear scale. The solid lines in the inset are linear fits to the plotted data points. (d) Selected data from (c) plotted versus period
thickness, dSL. Green left triangles represent κSL in the diffusive regime obtained by taking average values of thermal conductivities of films
with L > 216 nm for each data set dSL = 2, 12, and 24 nm and the two data points at L = 2,160 nm for dSL = 6 and 18 nm. The lines are
guides to the eye. (e) Thermal conductivity as a function of SL thickness, L, at three different temperatures (100 and 200 K compared to room
temperature). The trend at low temperatures is similar to that at room temperature suggesting that the mechanisms of heat transfer are dictated
by the sample geometry even though the characteristic length and the mean free path distribution of heat carriers are significantly altered.

general, an intermixing layer of the order of ∼1 nm is observed122

with the initial few monolayers showing strong intermixing123

and subsequent layers showing reduced intermixing. Details124

of sample growth and thermal measurements are given in the125

Supplemental Material [18].126

Cross-plane thermal conductivities at room temperature,127

measured with time-domain thermoreflectance [19–21] (de-128

tails in the Supplemental Material) [18] are plotted versus129

L in Fig. 2(c) and versus dSL in Fig. 2(d). For the three130

different period thickness sample sets, the thermal conduc-131

tivity increases quasilinearly with L followed by a plateau132

for thickness larger than ∼200 nm. A linear slope indicates133

ballistic phonon transport, or phonon flow without momen-134

tum backscattering within the sample. In this case, phonon135

scattering comes only from the boundaries of the sample.136

A plateau indicates diffusive transport, or flow dictated by137

phonon scattering within the sample. The dependence of κSL138

on L for L < 200 nm demonstrates the existence of long-range139

boundary scattering, or classical size effects [22], even in the140

SLs with highest interface density (dSL = 2 nm). This is also141

apparent by examining the trends in κSL versus dSL for the142

thinnest samples (L ≈ 24 nm) in Fig. 2(d). For this sample143

thickness, κSL becomes nearly independent of dSL, and is thus144

limited by scattering at the sample boundary (L) and not the145

period boundaries spaced by dSL. This is a clear indication of146

quasiballistic transport. The transition from quasiballistic to 147

diffusive transport takes place when the effective mfp becomes 148

comparable to the total thickness and phonons diffusively 149

scatter within the SL instead of at the SL-substrate interface. 150

We note that these trends in κSL versus L are similar at 151

lower temperatures also, as shown in Fig. 2(e), suggesting that 152

the mechanisms of heat transfer are dictated by the sample 153

geometry even though the characteristic length and the mean 154

free path distribution of heat carriers are altered. 155

The ballistic-diffusive transition is also present in the 156

thermal conductivity data of thin film GaAs [Fig. 2(c)]. The 157

fact that this transition occurs at nearly the same thickness 158

of the SL films, for all values of dSL, and the same thickness 159

of the GaAs films suggests that boundary scattering of long 160

mfp (low frequency) phonons at the film/substrate interface is 161

limiting thermal transport in these structures [9]. The inclusion 162

of interfaces via SLs impedes short mfp phonons leading to a 163

reduction in the magnitude of thermal conductivity of SLs as 164

compared to thin film GaAs. 165

III. DISCUSSION AND MODELING: COHERENT VS. 166

INCOHERENT EFFECTS 167

Several works on thermal transport in SLs reported a 168

minimum in κSL as a function of dSL that denotes a crossover 169

005300-3



What size effects matter in superlattices?
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Si1-xGex alloys

conductivity increases with thickness, we can safely say that
the reduction is not due to film dislocations. Intriguingly,
the thermal conductivities of the alloy thin films measured
in this Letter are among the lowest of any of the previous
measurements on SiGe-based thin-film systems. We note
that the only previous data that approach our lowest mea-
sured value are those in which the authors admit that the
measured samples have poor crystal quality (black filled
squares in Fig. 2) [2].

To quantify this effect, we turn to a model originally
proposed by Wang and Mingo [31], in which thermal
conductivity ! is given by

! ¼
Z @!c=kBT

0

k4BT
3

2"2v@3 #ðT; yÞy4 exp ðyÞ
½exp ðyÞ % 1&2 dy; (1)

where kB is Boltzmann’s constant, @ is Planck’s constant
divided by 2", T is temperature, and y ¼ @!=kBT
is a dimensionless parameter. The average velocity v is
calculated by v ¼ ½ð1% xÞv%2

Si þ xv%2
Ge&%1=2, where x is

the Ge concentration and vSi and vGe are the average
speeds of sound in Si and Ge, respectively, as calculated
by Wang and Mingo [31]. The scattering time for a given
frequency, #, is related to the individual processes via
Mattheissen’s rule # ¼ ð#%1

U þ #%1
a þ #%1

b Þ%1, where #U,

#a, and #b are the umklapp, alloy, and boundary scattering
times, respectively. These are given by

#U ¼ ½ð1% xÞ#%1
U;Si þ x#%1

U;Ge&%1; (2)

#a ¼ ½xð1% xÞA!4&%1; (3)

and
#b ¼ d=v; (4)

where
#%1
U;SiðGeÞ ¼ BSiðGeÞ!

2 exp ð%CSiðGeÞ=TÞ: (5)

The constants A, B, andC are taken from Ref. [31], and d is
the film thickness.
Our model is thus identical to that in Ref. [31] except

for the cutoff frequency, which we define as !c ¼ 2"v=a,
with a being the lattice constant of the Si1%xGex film
approximated by Vegard’s law: a ¼ ð1% xÞaSi þ xaGe,
where aSi and aGe are the lattice constants of silicon and
germanium, respectively. Equation (1) assumes a disper-
sionless, Debye system. This is acceptable for Si1%xGex
systems with nondilute alloying compositions, since the
dispersive phonons scatter strongly with the alloy atoms
due to their high frequencies. This assertion is substanti-
ated by the reasonable agreement found between this
model, our data, and previously reported measurements
on thin-film alloys in Refs. [2,7,23] as shown in Fig. 2.
To first assess the role of alloy composition, Fig. 3

shows the measured thermal conductivity versus Ge
concentration and the predictions of the thermal conduc-
tivity for bulk and thin-film Si1%xGex of three different
thicknesses at room temperature using Eq. (1). For
Si1%xGex with 0:2< x< 0:8, we found that the thermal
conductivity is almost flat and in agreement with our
experimental results. This lack of dependence on the Ge
concentration is much more pronounced in thin films than
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FIG. 2 (color online). Thermal conductivity measurements on
Si0:8Ge0:2 of the thickness series along with previously reported
values of different Si/Ge superlattices, alloy-based superlattices,
and alloy films at room temperature. Closed symbols represent
superlattices; open symbols represent Si1%xGex films. The ther-
mal conductivity is plotted versus (a) period or film thickness
and (b) total sample thickness. The figure also shows the model
presented in Eq. (1).
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FIG. 3 (color online). Predictions of the thermal conductivity
as a function of Ge composition for bulk and thin-film Si1%xGex
of three different thicknesses calculated at room temperature
by using Eq. (1). The symbols correspond to experimental data
on the thickness series (down open triangles) and composition
series (up filled triangles). With decreasing film thickness,
alloying induces smaller and smaller changes in the thermal
conductivity as size effects begin to dominate.
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conductivity increases with thickness, we can safely say that
the reduction is not due to film dislocations. Intriguingly,
the thermal conductivities of the alloy thin films measured
in this Letter are among the lowest of any of the previous
measurements on SiGe-based thin-film systems. We note
that the only previous data that approach our lowest mea-
sured value are those in which the authors admit that the
measured samples have poor crystal quality (black filled
squares in Fig. 2) [2].

To quantify this effect, we turn to a model originally
proposed by Wang and Mingo [31], in which thermal
conductivity ! is given by

! ¼
Z @!c=kBT

0

k4BT
3

2"2v@3 #ðT; yÞy4 exp ðyÞ
½exp ðyÞ % 1&2 dy; (1)

where kB is Boltzmann’s constant, @ is Planck’s constant
divided by 2", T is temperature, and y ¼ @!=kBT
is a dimensionless parameter. The average velocity v is
calculated by v ¼ ½ð1% xÞv%2

Si þ xv%2
Ge&%1=2, where x is

the Ge concentration and vSi and vGe are the average
speeds of sound in Si and Ge, respectively, as calculated
by Wang and Mingo [31]. The scattering time for a given
frequency, #, is related to the individual processes via
Mattheissen’s rule # ¼ ð#%1

U þ #%1
a þ #%1

b Þ%1, where #U,

#a, and #b are the umklapp, alloy, and boundary scattering
times, respectively. These are given by

#U ¼ ½ð1% xÞ#%1
U;Si þ x#%1

U;Ge&%1; (2)

#a ¼ ½xð1% xÞA!4&%1; (3)

and
#b ¼ d=v; (4)

where
#%1
U;SiðGeÞ ¼ BSiðGeÞ!

2 exp ð%CSiðGeÞ=TÞ: (5)

The constants A, B, andC are taken from Ref. [31], and d is
the film thickness.
Our model is thus identical to that in Ref. [31] except

for the cutoff frequency, which we define as !c ¼ 2"v=a,
with a being the lattice constant of the Si1%xGex film
approximated by Vegard’s law: a ¼ ð1% xÞaSi þ xaGe,
where aSi and aGe are the lattice constants of silicon and
germanium, respectively. Equation (1) assumes a disper-
sionless, Debye system. This is acceptable for Si1%xGex
systems with nondilute alloying compositions, since the
dispersive phonons scatter strongly with the alloy atoms
due to their high frequencies. This assertion is substanti-
ated by the reasonable agreement found between this
model, our data, and previously reported measurements
on thin-film alloys in Refs. [2,7,23] as shown in Fig. 2.
To first assess the role of alloy composition, Fig. 3

shows the measured thermal conductivity versus Ge
concentration and the predictions of the thermal conduc-
tivity for bulk and thin-film Si1%xGex of three different
thicknesses at room temperature using Eq. (1). For
Si1%xGex with 0:2< x< 0:8, we found that the thermal
conductivity is almost flat and in agreement with our
experimental results. This lack of dependence on the Ge
concentration is much more pronounced in thin films than
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FIG. 2 (color online). Thermal conductivity measurements on
Si0:8Ge0:2 of the thickness series along with previously reported
values of different Si/Ge superlattices, alloy-based superlattices,
and alloy films at room temperature. Closed symbols represent
superlattices; open symbols represent Si1%xGex films. The ther-
mal conductivity is plotted versus (a) period or film thickness
and (b) total sample thickness. The figure also shows the model
presented in Eq. (1).
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FIG. 3 (color online). Predictions of the thermal conductivity
as a function of Ge composition for bulk and thin-film Si1%xGex
of three different thicknesses calculated at room temperature
by using Eq. (1). The symbols correspond to experimental data
on the thickness series (down open triangles) and composition
series (up filled triangles). With decreasing film thickness,
alloying induces smaller and smaller changes in the thermal
conductivity as size effects begin to dominate.
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conductivity increases with thickness, we can safely say that
the reduction is not due to film dislocations. Intriguingly,
the thermal conductivities of the alloy thin films measured
in this Letter are among the lowest of any of the previous
measurements on SiGe-based thin-film systems. We note
that the only previous data that approach our lowest mea-
sured value are those in which the authors admit that the
measured samples have poor crystal quality (black filled
squares in Fig. 2) [2].

To quantify this effect, we turn to a model originally
proposed by Wang and Mingo [31], in which thermal
conductivity ! is given by

! ¼
Z @!c=kBT

0

k4BT
3

2"2v@3 #ðT; yÞy4 exp ðyÞ
½exp ðyÞ % 1&2 dy; (1)

where kB is Boltzmann’s constant, @ is Planck’s constant
divided by 2", T is temperature, and y ¼ @!=kBT
is a dimensionless parameter. The average velocity v is
calculated by v ¼ ½ð1% xÞv%2

Si þ xv%2
Ge&%1=2, where x is

the Ge concentration and vSi and vGe are the average
speeds of sound in Si and Ge, respectively, as calculated
by Wang and Mingo [31]. The scattering time for a given
frequency, #, is related to the individual processes via
Mattheissen’s rule # ¼ ð#%1

U þ #%1
a þ #%1

b Þ%1, where #U,

#a, and #b are the umklapp, alloy, and boundary scattering
times, respectively. These are given by

#U ¼ ½ð1% xÞ#%1
U;Si þ x#%1

U;Ge&%1; (2)

#a ¼ ½xð1% xÞA!4&%1; (3)

and
#b ¼ d=v; (4)

where
#%1
U;SiðGeÞ ¼ BSiðGeÞ!

2 exp ð%CSiðGeÞ=TÞ: (5)

The constants A, B, andC are taken from Ref. [31], and d is
the film thickness.
Our model is thus identical to that in Ref. [31] except

for the cutoff frequency, which we define as !c ¼ 2"v=a,
with a being the lattice constant of the Si1%xGex film
approximated by Vegard’s law: a ¼ ð1% xÞaSi þ xaGe,
where aSi and aGe are the lattice constants of silicon and
germanium, respectively. Equation (1) assumes a disper-
sionless, Debye system. This is acceptable for Si1%xGex
systems with nondilute alloying compositions, since the
dispersive phonons scatter strongly with the alloy atoms
due to their high frequencies. This assertion is substanti-
ated by the reasonable agreement found between this
model, our data, and previously reported measurements
on thin-film alloys in Refs. [2,7,23] as shown in Fig. 2.
To first assess the role of alloy composition, Fig. 3

shows the measured thermal conductivity versus Ge
concentration and the predictions of the thermal conduc-
tivity for bulk and thin-film Si1%xGex of three different
thicknesses at room temperature using Eq. (1). For
Si1%xGex with 0:2< x< 0:8, we found that the thermal
conductivity is almost flat and in agreement with our
experimental results. This lack of dependence on the Ge
concentration is much more pronounced in thin films than
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FIG. 2 (color online). Thermal conductivity measurements on
Si0:8Ge0:2 of the thickness series along with previously reported
values of different Si/Ge superlattices, alloy-based superlattices,
and alloy films at room temperature. Closed symbols represent
superlattices; open symbols represent Si1%xGex films. The ther-
mal conductivity is plotted versus (a) period or film thickness
and (b) total sample thickness. The figure also shows the model
presented in Eq. (1).
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FIG. 3 (color online). Predictions of the thermal conductivity
as a function of Ge composition for bulk and thin-film Si1%xGex
of three different thicknesses calculated at room temperature
by using Eq. (1). The symbols correspond to experimental data
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series (up filled triangles). With decreasing film thickness,
alloying induces smaller and smaller changes in the thermal
conductivity as size effects begin to dominate.

PRL 109, 195901 (2012) P HY S I CA L R EV I EW LE T T E R S
week ending

9 NOVEMBER 2012

195901-3

conductivity increases with thickness, we can safely say that
the reduction is not due to film dislocations. Intriguingly,
the thermal conductivities of the alloy thin films measured
in this Letter are among the lowest of any of the previous
measurements on SiGe-based thin-film systems. We note
that the only previous data that approach our lowest mea-
sured value are those in which the authors admit that the
measured samples have poor crystal quality (black filled
squares in Fig. 2) [2].

To quantify this effect, we turn to a model originally
proposed by Wang and Mingo [31], in which thermal
conductivity ! is given by

! ¼
Z @!c=kBT

0

k4BT
3

2"2v@3 #ðT; yÞy4 exp ðyÞ
½exp ðyÞ % 1&2 dy; (1)

where kB is Boltzmann’s constant, @ is Planck’s constant
divided by 2", T is temperature, and y ¼ @!=kBT
is a dimensionless parameter. The average velocity v is
calculated by v ¼ ½ð1% xÞv%2

Si þ xv%2
Ge&%1=2, where x is

the Ge concentration and vSi and vGe are the average
speeds of sound in Si and Ge, respectively, as calculated
by Wang and Mingo [31]. The scattering time for a given
frequency, #, is related to the individual processes via
Mattheissen’s rule # ¼ ð#%1

U þ #%1
a þ #%1

b Þ%1, where #U,

#a, and #b are the umklapp, alloy, and boundary scattering
times, respectively. These are given by

#U ¼ ½ð1% xÞ#%1
U;Si þ x#%1

U;Ge&%1; (2)

#a ¼ ½xð1% xÞA!4&%1; (3)

and
#b ¼ d=v; (4)

where
#%1
U;SiðGeÞ ¼ BSiðGeÞ!

2 exp ð%CSiðGeÞ=TÞ: (5)

The constants A, B, andC are taken from Ref. [31], and d is
the film thickness.
Our model is thus identical to that in Ref. [31] except

for the cutoff frequency, which we define as !c ¼ 2"v=a,
with a being the lattice constant of the Si1%xGex film
approximated by Vegard’s law: a ¼ ð1% xÞaSi þ xaGe,
where aSi and aGe are the lattice constants of silicon and
germanium, respectively. Equation (1) assumes a disper-
sionless, Debye system. This is acceptable for Si1%xGex
systems with nondilute alloying compositions, since the
dispersive phonons scatter strongly with the alloy atoms
due to their high frequencies. This assertion is substanti-
ated by the reasonable agreement found between this
model, our data, and previously reported measurements
on thin-film alloys in Refs. [2,7,23] as shown in Fig. 2.
To first assess the role of alloy composition, Fig. 3

shows the measured thermal conductivity versus Ge
concentration and the predictions of the thermal conduc-
tivity for bulk and thin-film Si1%xGex of three different
thicknesses at room temperature using Eq. (1). For
Si1%xGex with 0:2< x< 0:8, we found that the thermal
conductivity is almost flat and in agreement with our
experimental results. This lack of dependence on the Ge
concentration is much more pronounced in thin films than
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FIG. 2 (color online). Thermal conductivity measurements on
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FIG. 3 (color online). Predictions of the thermal conductivity
as a function of Ge composition for bulk and thin-film Si1%xGex
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conductivity as size effects begin to dominate.
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Total thickness vs. period thickness in SLs: what matters?

SUPPLEMENTAL MATERIAL 3

 
Fig. R1 (left) A schematic of the AlAs-GaAs SL structure measured using TDTR; (right) A 
schematic of the AlAs-GaAs SL structure simulated using Green’s functions. 

 

Supplemental Figure 1: A schematic showing the AlAs-GaAs SLs structure. For the 2 nm period
thickness set, a 5 nm GaAs cap layer was grown on top to prevent oxidation of Al inside AlAs
prior to coating the samples with aluminum. (right) A schematic of the AlAs-GaAs SL structure
simulated using Green’s functions.

of 25 and 10 µm, respectively. We monitor the ratio of in-phase to out-of-phase
components of the lock-in amplifier signal as a function of the time delay. The
lock-in amplifier signal is fit to a multilayer thermal model in which the thermal
conductivity of the SL film and the interface conductance between the aluminum
coating and film are the free parameters [1, 2, 3]. TDTR measurements were
done at 3 di↵erent modulation frequencies (3.5, 8.8 and 12.2 MHz) where at least
five measurements were conducted at each frequency. The average of all these
measurements is reported. The thermal conductivities of the GaAs substrate and
200 nm GaAs smoothing layer are measured separately from an identical GaAs
substrate and 200 nm GaAs film grown under the same conditions used for the SL
films.

The thermal interface conductance between the SL film or GaAs thin film and
the bu↵er-substrate layer is found to be high enough that we are completely in-
sensitive to it. This is justified by the values of hK shown in Supplemental Fig. 2
(derived from a series resistor model from the thermal conductivity data and num-
ber of interfaces per unit length of the SL; see Eq. 2 and discussion in Section 5 of
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Interplay between total thickness and period thickness in the phonon thermal conductivity of
superlattices from the nanoscale to the microscale: Coherent versus incoherent phonon transport
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We report on the room temperature thermal conductivity of AlAs-GaAs superlattices (SLs), in which we
systematically vary the period thickness and total thickness between 2–24 nm and 20.1–2,160 nm, respectively.
The thermal conductivity increases with the SL thickness and plateaus at a thickness around 200 nm, showing a
clear transition from a quasiballistic to a diffusive phonon transport regime. These results demonstrate the existence
of classical size effects in SLs, even at the highest interface density samples. We use harmonic atomistic Green’s
function calculations to capture incoherence in phonon transport by averaging the calculated transmission over
several purely coherent simulations of independent SL with different random mixing at the AlAs-GaAs interfaces.
These simulations demonstrate the significant contribution of incoherent phonon transport through the decrease
in the transmission and conductance in the SLs as the number of interfaces increases. In spite of this conductance
decrease, our simulations show a quasilinear increase in thermal conductivity with the superlattice thickness. This
suggests that the observation of a quasilinear increase in thermal conductivity can have important contributions
from incoherent phonon transport. Furthermore, this seemingly linear slope in thermal conductivity versus SL
thickness data may actually be nonlinear when extended to a larger number of periods, which is a signature of
incoherent effects. Indeed, this trend for superlattices with interatomic mixing at the interfaces could easily be
interpreted as linear when the number of periods is small. Our results reveal that the change in thermal conductivity
with period thickness is dominated by incoherent (particlelike) phonons, whose properties are not dictated by
changes in the AlAs or GaAs phonon dispersion relations. This work demonstrates the importance of studying
both period and sample thickness dependencies of thermal conductivity to understand the relative contributions
of coherent and incoherent phonon transport in the thermal conductivity in SLs.

DOI: 10.1103/PhysRevB.97.085306

I. INTRODUCTION

Superlattices represent a group of metamaterials that have
attracted considerable attention over the past few decades
due to their promise as material solutions in thermoelectric
devices [1,2] and applications in quantum cascade [3] and
vertical cavity surface emitting lasers [4]. In addition to the vast
application space of superlattices (SLs), these nanostructures
provide a means to test for the existence of coherent phonons, or
when the phase difference between two spatiotemporal points
of a vibrational wave remain constant [5–8]. For SLs, two
length scales affect thermal transport: long-range and short-
range boundary scattering. Long-range boundary scattering
occurs when phonons with mean free paths (mfp) of the order
of the superlattice thickness L scatter at the sample boundary.
Short-range boundary scattering takes place when phonons
with mfps of the order of the superlattice period thickness
dSL scatter at the internal interfaces. The interplay between
phonon scattering at period boundaries and sample boundaries

*Corresponding author: phopkins@virginia.edu

is not fully understood [9], partially due to discrepancies in the
literature data on thermal conductivity of SLs (κSL).

To illustrate this problem, we motivate with two material
system SL examples: aluminum arsenide-gallium arsenide
(AlAs-GaAs) and silicon-germanium (Si-Ge) SLs, both of
which have been extensively studied [6,10–16]. Figure 1
summarizes the literature thermal conductivity data on various
AlAs-GaAs and Si-Ge superlattice systems plotted versus dSL
in Figs. 1(a) and 1(c) and versus L in Figs. 1(b) and 1(d).
For AlAs-GaAs SLs, Luckyanova et al. [6] reported a linear
increase in κSL as a function of L. However, the study limited
the total thickness to a maximum of 216 nm and the period
thickness to 24 nm, and thus could not study the effects of
smaller dSL and larger L on phonon transport. Capinski et al.
[10] studied AlAs-GaAs SLs where the period thickness and
total thickness varied simultaneously. In contrast to Luck-
yanova’s data, their data did not show any clear trend with
L. For Si-Ge SLs, a more pronounced discrepancy can be
observed. While Borca-Tasciuc et al. [12] reported a decrease
in thermal conductivity with period thickness, Chakraborty
et al. [13] reported a minimum in κSL at dSL = 7 nm. The
samples in these two studies had similar values of dSL and

2469-9950/2018/97(8)/085306(7) 085306-1 ©2018 American Physical Society

LF16464B PRB February 6, 2018 5:43

INTERPLAY BETWEEN COHERENT AND INCOHERENT … PHYSICAL REVIEW B 00, 005300 (2018)

κ
(a) (b)

(c)

(d)

(e)

FIG. 2. (a), (b) STEM images on two of the AlAs-GaAs SL samples. (c) Cross-plane thermal conductivity measurements on three sets of
AlAs-GaAs SLs of 2, 12, and 24 nm period thicknesses and a set of thin film GaAs samples plotted versus SL thickness, L, at room temperature.
The lines connecting the various data sets are guides to the eye. The figure also shows good agreement between our measurement results on
samples with dSL = 24 nm and those by Luckyanova et al. [6]. The inset is a zoomed view of the data for samples with L < 136 nm plotted
on a linear-linear scale. The solid lines in the inset are linear fits to the plotted data points. (d) Selected data from (c) plotted versus period
thickness, dSL. Green left triangles represent κSL in the diffusive regime obtained by taking average values of thermal conductivities of films
with L > 216 nm for each data set dSL = 2, 12, and 24 nm and the two data points at L = 2,160 nm for dSL = 6 and 18 nm. The lines are
guides to the eye. (e) Thermal conductivity as a function of SL thickness, L, at three different temperatures (100 and 200 K compared to room
temperature). The trend at low temperatures is similar to that at room temperature suggesting that the mechanisms of heat transfer are dictated
by the sample geometry even though the characteristic length and the mean free path distribution of heat carriers are significantly altered.

general, an intermixing layer of the order of ∼1 nm is observed122

with the initial few monolayers showing strong intermixing123

and subsequent layers showing reduced intermixing. Details124

of sample growth and thermal measurements are given in the125

Supplemental Material [18].126

Cross-plane thermal conductivities at room temperature,127

measured with time-domain thermoreflectance [19–21] (de-128

tails in the Supplemental Material) [18] are plotted versus129

L in Fig. 2(c) and versus dSL in Fig. 2(d). For the three130

different period thickness sample sets, the thermal conduc-131

tivity increases quasilinearly with L followed by a plateau132

for thickness larger than ∼200 nm. A linear slope indicates133

ballistic phonon transport, or phonon flow without momen-134

tum backscattering within the sample. In this case, phonon135

scattering comes only from the boundaries of the sample.136

A plateau indicates diffusive transport, or flow dictated by137

phonon scattering within the sample. The dependence of κSL138

on L for L < 200 nm demonstrates the existence of long-range139

boundary scattering, or classical size effects [22], even in the140

SLs with highest interface density (dSL = 2 nm). This is also141

apparent by examining the trends in κSL versus dSL for the142

thinnest samples (L ≈ 24 nm) in Fig. 2(d). For this sample143

thickness, κSL becomes nearly independent of dSL, and is thus144

limited by scattering at the sample boundary (L) and not the145

period boundaries spaced by dSL. This is a clear indication of146

quasiballistic transport. The transition from quasiballistic to 147

diffusive transport takes place when the effective mfp becomes 148

comparable to the total thickness and phonons diffusively 149

scatter within the SL instead of at the SL-substrate interface. 150

We note that these trends in κSL versus L are similar at 151

lower temperatures also, as shown in Fig. 2(e), suggesting that 152

the mechanisms of heat transfer are dictated by the sample 153

geometry even though the characteristic length and the mean 154

free path distribution of heat carriers are altered. 155

The ballistic-diffusive transition is also present in the 156

thermal conductivity data of thin film GaAs [Fig. 2(c)]. The 157

fact that this transition occurs at nearly the same thickness 158

of the SL films, for all values of dSL, and the same thickness 159

of the GaAs films suggests that boundary scattering of long 160

mfp (low frequency) phonons at the film/substrate interface is 161

limiting thermal transport in these structures [9]. The inclusion 162

of interfaces via SLs impedes short mfp phonons leading to a 163

reduction in the magnitude of thermal conductivity of SLs as 164

compared to thin film GaAs. 165

III. DISCUSSION AND MODELING: COHERENT VS. 166

INCOHERENT EFFECTS 167

Several works on thermal transport in SLs reported a 168

minimum in κSL as a function of dSL that denotes a crossover 169

005300-3
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Phys. Rev. B 97, 085306

3

C

F

𝑑SL 𝑑SL

ℎ

101 102 103 104
1

10

60

Luckyanova et al. 2012 
          d

SL
= 24 nm

6 nm

d
SL

= 24 nm

d
SL

 = 2 nm

d
SL

=12 nm

Th
er

m
al

 C
on

du
ct

iv
ity

 (W
m

-1
K-1

)

Thickness, L (nm)

T = 300 K

GaAs

18 nm

NGaAs-0

ballistic diffusive

FIG. 2. (A) and (B) STEM images on two of the AlAs-GaAs SL samples. (C) Thermal conductivity measurements on three

sets of AlAs-GaAs SLs of 2, 12, and 24 nm period thicknesses and a set of thin film GaAs samples plotted versus the thickness,

L, at room temperature. The solid lines represent the model calculation given by eq 3. The solid line labeled GaAs�0 is the

best linear fit to the data on GaAs thin films with L  216 nm and is used to determine the correction factor � in eq 4. The

figure also shows good agreement between our measurement results on samples with dSL = 24 nm and that of Luckyanova et
al.6 (D) Selected data from (C) plotted versus period thickness. (E) Thermal conductivity of selected AlAs-GaAs SLs at 100,

200, and 300 K. (F) The values of thermal boundary conductance used to fit the model given by eq 3 to the data in (C) as

a function of the period thickness. The solid line represent an inverse power law fit to the data and is used to generate the

continuous contour plot in Figure 4B.

interpretation of thermal conductivity data on the same174

material system and similar dimensions reveals that the175

term coherent is used to describe two di↵erent physical176

phenomena. In other words, we can distinguish between177

two types of phonon coherence: one that manifests itself178

as a linear relation between SL and L and the other179

as a minimum in SL that occurs at a critical value180

of dSL. Finally, we point out to the recent works by181

Wang et al.
27,28 who used non-equilibrium molecular182

dynamics simulations to show that coherent phonons183

have no significant contribution to thermal transport184

in random multilayers (RML) and transport in these185

structures is mostly dictated by incoherent phonons.186

Nevertheless, RML showed a linear trend with L similar187

to their periodic SL counterparts28 while showing no188

minimum in dSL.27,28 This last result suggest that one189

type of coherence does not imply the other and the role190

of miniband formation (and hence coherent wave e↵ects)191

in thermal transport is better evaluated by looking at192

the trend in SL versus dSL at a fixed L. Therefore, the193

phonon coherence previously associated with AlAs-GaAs194

SLs6 is a result of classical size e↵ects.195

Before we move to the modeling part, we emphasize196

that regardless of whether we are investigating AlAs-197

GaAs SL samples falling in the ballistic or di↵usive198

regimes of Figure 2C, the monotonic increase in SL199

with dSL (for all values of L), supported by numerous200

literature reports, lead to the conclusion that the201

formation of minibands is not playing a role in thermal202

transport in AlAs-GaAs SLs. This will be the basis for203

the modeling presented in the rest of this letter.204

The temperature dependence of the thermal205

conductivities of selected samples are shown in Figure 2E206

for 100 K and 200 K compared to room temperature.207

The trend at low temperatures is similar to that at208

room temperature suggesting that the mechanisms of209

heat transfer are dictated by the sample geometry even210

though the characteristic length and the mfp distribution211



Designing the thermal conductivity of SLs

Can use two length scales to 
control the thermal conductivity 

of SLs
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Incoherent/particle picture of phonon transport in SLs
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The minimum thermal conductivity of superlattices

Interfacial periodicity can 
lead to “mini-band” formation
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The phonon thermal conductivity of a multilayer is calculated for transport perpendicular to the layers.
There is a crossover between particle transport for thick layers to wave transport for thin layers. The
calculations show that the conductivity has a minimum value for a layer thickness somewhat smaller
then the mean free path of the phonons.

PACS numbers: 66.70.+f, 68.65.+g

The thermal conductivity is a fundamental transport pa-
rameter [1]. There has been much recent interest in the
thermal conductivity of semiconductor superlattices due to
their possible applications in a variety of devices. Efficient
solid state refrigeration requires a low thermal conductivity
[2]. Preliminary experimental and theoretical work sug-
gests that the thermal conductivity of superlattices is quite
low, both for transport along the planes [3,4], or perpen-
dicular to the planes [5–8]. The heat is carried by exci-
tations such as phonons and electrons. Most theories use
a Boltzmann equation which treats the excitations as par-
ticles and ignores wave interference [7,9]. These theories
all predict that the thermal conductivity perpendicular to
the layers decreases as the layer spacing is reduced in the
superlattice. The correct description using the Boltzmann
equation would be to use the phonon states of the superlat-
tice as an input to the scattering, but this has not yet been
done by anyone.
We present calculations of the thermal conductivity per-

pendicular to the layers which include the wave interfer-
ence of the superlattice. These calculations, in one, two,
and three dimensions, always predict that the thermal con-
ductivity increases as the layer spacing is reduced in the
superlattice. This behavior is shown to be caused by band
folding in the superlattice. It is a general feature which
should be true in all cases. The particle and wave calcu-
lations are in direct disagreement on the behavior of the
thermal conductivity with decreasing layer spacing. This
disagreement is resolved by calculations which include the
mean free path (mfp) of the phonons. For layers thinner
than the mfp, the wave theory applies. For layers thicker
than the mfp the particle theory applies. The combined
theory predicts a minimum in the thermal conductivity, as
a function of layer spacing. The thickness of the layers for
minimum thermal conductivity depends upon the average
mfp, and is therefore temperature dependent.
The particle theories use the interface boundary resis-

tance [10] as the important feature of a superlattice. A su-
perlattice with alternating layers has a thermal resistance
for one repeat unit of RSL ! L1 !K1 1 L2 !K2 1 2 RB,
where "Lj , Kj# are the thickness and thermal conductiv-
ity of the individual layers, and RB is the thermal bound-
ary resistance. For simplicity assume that L1 ! L2 $ L,

which is often the case experimentally. The effective ther-
mal conductivity of the superlattice is then

KSL !
2 L
RSL

!
2 L

L"1 !K1 1 1 !K2 # 1 2 RB
. (1)

This classical prediction is that the thermal conductivity
decreases as the layer thickness L decreases [9].
The wave theory calculates the actual phonon modes

vl"k#of the superlattice, where l is the band index. They
are used to calculate the thermal conductivity from the
usual formula in d dimensions [1],

K"T# !
X

l

Z ddk
"2 p#d h̄vl"k#jyz"k#j!l"k#

≠n"v, T#
≠T

,

(2)
where n"v, T# is the Bose-Einstein distribution function.
A rigorous treatment uses Boltzmann theory applied to
the transport in minibands to find the mean free path
!l"k#. At high temperatures, one can approximate n %
kBT!h̄vl"k#, which gives the simpler formula

K"T# ! kB

X

l

Z ddk
"2 p#d jyz"k#j!l"k#. (3)

The above formula is quite general. There are two im-
portant special cases of constant relaxation time "Kt# and
constant mfp "K!#

Kt"T# ! kBt
X

l

Z ddk
"2 p#d yz"k#2 , (4)

K!"T# ! kB!
X

l

Z ddk
"2 p#d jyz"k#j . (5)

Both of these formulas can be related to the distribution
P"yz#of phonon velocities perpendicular to the layers

P"yz# !
X

l

Z ddk
"2 p#d d"yz 2 jyz"k#j#, (6)

Kt ! kBt
Z

dyzP"yz#y2
z , (7)

K! ! kB!
Z

dyzP"yz#yz . (8)

Wave interference leads to band folding [11,12]. Band
folding leads to a reduction of the phonon velocities. Both
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Figure 1 | Measured thermal conductivity values for superlattices as a function of 
interface density at room temperature. a, (STO)m/(CTO)n superlattice, b, (STO)m/
(BTO)n superlattice. The black line represents the modified Simkin-Mahan model with 
disorder correction for (STO)m/(CTO)n superlattices and the blue dots represent the 
Simkin-Mahan model with disorder and volume fraction corrections for (STO)m/(BTO)n 
superlattices. The blue line is used as a guide to eye. The dotted black horizontal lines 
refer to the alloy limits for STO/CTO 50:50 alloy and the STO/BTO 25:75 alloy.  
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Figure 3 | Structural and microstructural characterization of superlattice 
samples from both series. High-resolution, short angular-range q‑2q XRD 
scan of a, an (STO)6/(CTO)6 superlattice centred on the NGO 220 substrate 
peak and b, (STO)74/(BTO)1 superlattice peaks centred on the STO 002 
substrate peak. Both the superlattice peaks and the thickness fringes suggest 
the high degree of interface abruptness in the samples. c, A high-resolution 
reciprocal space map of the (STO)2/(CTO)2 superlattice centred on the NGO 
332 substrate peak. The map clearly shows that the superlattice film is 
coherently strained to the substrate. d, Surface topography of a 200 nm (STO)2/
(CTO)2 thick superlattice film on an STO 001 substrate. The image clearly 
shows the presence of smooth step edges with unit cell height. STEM images of 
e, (STO)2/(CTO)2  and f, STEM-EELS image (dimensions 35 nm X 3.6 nm) of a 
(STO)30/(BTO)1 superlattice revealing the presence of atomically sharp 
interfaces with minimal intermixing in the samples studied along with a 
schematic of the crystal structures on the right. Chemical formulas of the 
component materials of the superlattice are colour-coded to match the false-
colour of the STEM-EELS image on the left (Sr – orange, Ba – purple, Ti – 
green). 
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Experimental evidence of minimum thermal conductivity

was adopted to model those SLs with larger period length,
since for longer period, the phonon-phonon scattering within
each period will destroy the coherence and phonon transport
can be treated as particle transport. If the period length is
smaller, the above described treatment is not adopted since
the wave nature of phonons may be important. Instead, the
simulation domain size was increased until thermal conduc-
tivity was no longer dependent on the total length. We found
that a total length of 128 UCs is enough to make the finite
size effect marginal for SLs with period length less than
8 UCs.

To explore the effect of phonon mean free path, we assign
the SL with parameters as listed in Table I. The phonon mean
free path is evaluated from the extrapolation method de-
scribed above. Figure 1 shows the thermal conductivity of
SLs at 40 K versus period length. The period length ranges
from 2 UCs to 32 UCs. The two materials A and B have the
same equilibrium distance in the LJ potential, which means
that they have the same lattice constants and the two mate-
rials have ideal interfaces. The only difference between the
two materials is their atomic masses. The atomic mass ratio
of B to A is 1.2. The results show that if the strength of the
LJ interatomic potential is the same as that of solid argon, the
lattice thermal conductivity increases monotonically with the
period length. However, if the interatomic potential strength
is increased, the thermal conductivity will first decrease with
increasing period length, then increase, yielding a minimum
thermal conductivity in simulation case II. As shown in Table
I, larger well depths correspond to longer phonon mean free
paths. Case II shows that the value of the thermal conductiv-
ity reaches a minimum when the period length is about the
same as the phonon mean free path in the bulk materials A or
B. As the phonon mean free path of the bulk materials A and
B further increases, the minimum shifts to longer period
lengths and cannot be observed for case III in Fig. 1. This
result supports Simkin and Mahan’s lattice dynamics model,
i.e., if the layer thickness is smaller than the phonon mean
free path, SL thermal conductivity will show a minimum
with respect to period length.

If phonons are treated as waves, the thermal conductivity
reduction in SLs arises from two reasons. Both are due to

band folding or miniband formation. When zone folding oc-
curs, the overall phonon group velocity decreases with in-
creasing period length, leading to a decrease of thermal con-
ductivity as the period length increases. In addition, the zone
folding leads to stop bands in the phonon dispersions for
SLs. These stop bands filter the phonons with energies in the
stop bands and prevent their transport through the SL. The
phonon transmission coefficients can be calculated with
transfer matrix techniques.18–20 Figure 2 shows the phonon
transmission coefficients for SLs of different masses and dif-
ferent well depths. The physical parameters are listed in
Table II. In Fig. 2, the phonon transmission coefficients for
cases II, case IV and V are depicted together to compare the
width of the stop bands. The acoustic impedance difference
between the two alternating layers, which is computed from
the mass and the phonon group velocity, is the smallest for
case II, larger for case IV, and the largest for case V. The
calculated results demonstrate that the width of the stop band
increases with increasing acoustic impedance mismatch.
Wider stop bands indicate enhanced phonon reflection at the
interface and reduced energy transport.

Figure 3 shows the thermal conductivity versus period
length for the three cases listed in Table II at 40 K. The
thermal conductivities in Fig. 3 are normalized with the ther-

FIG. 3. Superlattice thermal conductivity for different mass ra-
tios and interatomic potential strength. The parameters are listed in
Table II.

FIG. 4. Period length dependence of thermal conductivity at
different temperatures.

FIG. 5. Relationship between thermal conductivity and period
length for 4% lattice mismatch.

CHEN et al. PHYSICAL REVIEW B 72, 174302 !2005"

174302-4

• More pronounced minimum at low T, thermal conductivity 
measurements show trends of mini-band formation

• MD simulation (left), mini-band = phonon bandgap (PRB 72, 174302)

Figure 2 | Measured thermal conductivity values for (STO)m/(CTO)n superlattices 
as a function of interface density at different temperatures. The minimum in 
thermal conductivity becomes deeper at lower temperatures and the interface density 
at which the minimum occurs moves to smaller values at lower temperatures as 
expected. The solid lines are guides to the eye. The shift of the minimum is shown 
using dotted lines projected onto the x-axis for different temperatures. 
 

0.05 0.1 1

1

2

3

4

 84 K
 142 K
 307 K

 

Interface density (nm-1)

Th
er

m
al

 c
on

du
ct

iv
ity

 (W
m

-1
K

-1
)

40 10 1

Period thickness (nm)

SL design to manipulate coherent phonon transport
Nature Materials 13, 168 (2013)



Resolving unique phonon transport in SLs: interfaces matter
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FIG. 2. (a), (b) STEM images on two of the AlAs-GaAs SL samples. (c) Cross-plane thermal conductivity measurements on three sets of
AlAs-GaAs SLs of 2, 12, and 24 nm period thicknesses and a set of thin film GaAs samples plotted versus SL thickness, L, at room temperature.
The lines connecting the various data sets are guides to the eye. The figure also shows good agreement between our measurement results on
samples with dSL = 24 nm and those by Luckyanova et al. [6]. The inset is a zoomed view of the data for samples with L < 136 nm plotted
on a linear-linear scale. The solid lines in the inset are linear fits to the plotted data points. (d) Selected data from (c) plotted versus period
thickness, dSL. Green left triangles represent κSL in the diffusive regime obtained by taking average values of thermal conductivities of films
with L > 216 nm for each data set dSL = 2, 12, and 24 nm and the two data points at L = 2,160 nm for dSL = 6 and 18 nm. The lines are
guides to the eye. (e) Thermal conductivity as a function of SL thickness, L, at three different temperatures (100 and 200 K compared to room
temperature). The trend at low temperatures is similar to that at room temperature suggesting that the mechanisms of heat transfer are dictated
by the sample geometry even though the characteristic length and the mean free path distribution of heat carriers are significantly altered.

general, an intermixing layer of the order of ∼1 nm is observed122

with the initial few monolayers showing strong intermixing123

and subsequent layers showing reduced intermixing. Details124

of sample growth and thermal measurements are given in the125

Supplemental Material [18].126

Cross-plane thermal conductivities at room temperature,127

measured with time-domain thermoreflectance [19–21] (de-128

tails in the Supplemental Material) [18] are plotted versus129

L in Fig. 2(c) and versus dSL in Fig. 2(d). For the three130

different period thickness sample sets, the thermal conduc-131

tivity increases quasilinearly with L followed by a plateau132

for thickness larger than ∼200 nm. A linear slope indicates133

ballistic phonon transport, or phonon flow without momen-134

tum backscattering within the sample. In this case, phonon135

scattering comes only from the boundaries of the sample.136

A plateau indicates diffusive transport, or flow dictated by137

phonon scattering within the sample. The dependence of κSL138

on L for L < 200 nm demonstrates the existence of long-range139

boundary scattering, or classical size effects [22], even in the140

SLs with highest interface density (dSL = 2 nm). This is also141

apparent by examining the trends in κSL versus dSL for the142

thinnest samples (L ≈ 24 nm) in Fig. 2(d). For this sample143

thickness, κSL becomes nearly independent of dSL, and is thus144

limited by scattering at the sample boundary (L) and not the145

period boundaries spaced by dSL. This is a clear indication of146

quasiballistic transport. The transition from quasiballistic to 147

diffusive transport takes place when the effective mfp becomes 148

comparable to the total thickness and phonons diffusively 149

scatter within the SL instead of at the SL-substrate interface. 150

We note that these trends in κSL versus L are similar at 151

lower temperatures also, as shown in Fig. 2(e), suggesting that 152

the mechanisms of heat transfer are dictated by the sample 153

geometry even though the characteristic length and the mean 154

free path distribution of heat carriers are altered. 155

The ballistic-diffusive transition is also present in the 156

thermal conductivity data of thin film GaAs [Fig. 2(c)]. The 157

fact that this transition occurs at nearly the same thickness 158

of the SL films, for all values of dSL, and the same thickness 159

of the GaAs films suggests that boundary scattering of long 160

mfp (low frequency) phonons at the film/substrate interface is 161

limiting thermal transport in these structures [9]. The inclusion 162

of interfaces via SLs impedes short mfp phonons leading to a 163

reduction in the magnitude of thermal conductivity of SLs as 164

compared to thin film GaAs. 165
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Figure 3 | Structural and microstructural characterization of superlattice 
samples from both series. High-resolution, short angular-range q‑2q XRD 
scan of a, an (STO)6/(CTO)6 superlattice centred on the NGO 220 substrate 
peak and b, (STO)74/(BTO)1 superlattice peaks centred on the STO 002 
substrate peak. Both the superlattice peaks and the thickness fringes suggest 
the high degree of interface abruptness in the samples. c, A high-resolution 
reciprocal space map of the (STO)2/(CTO)2 superlattice centred on the NGO 
332 substrate peak. The map clearly shows that the superlattice film is 
coherently strained to the substrate. d, Surface topography of a 200 nm (STO)2/
(CTO)2 thick superlattice film on an STO 001 substrate. The image clearly 
shows the presence of smooth step edges with unit cell height. STEM images of 
e, (STO)2/(CTO)2  and f, STEM-EELS image (dimensions 35 nm X 3.6 nm) of a 
(STO)30/(BTO)1 superlattice revealing the presence of atomically sharp 
interfaces with minimal intermixing in the samples studied along with a 
schematic of the crystal structures on the right. Chemical formulas of the 
component materials of the superlattice are colour-coded to match the false-
colour of the STEM-EELS image on the left (Sr – orange, Ba – purple, Ti – 
green). 
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FIG. 2. (a), (b) STEM images on two of the AlAs-GaAs SL samples. (c) Cross-plane thermal conductivity measurements on three sets of
AlAs-GaAs SLs of 2, 12, and 24 nm period thicknesses and a set of thin film GaAs samples plotted versus SL thickness, L, at room temperature.
The lines connecting the various data sets are guides to the eye. The figure also shows good agreement between our measurement results on
samples with dSL = 24 nm and those by Luckyanova et al. [6]. The inset is a zoomed view of the data for samples with L < 136 nm plotted
on a linear-linear scale. The solid lines in the inset are linear fits to the plotted data points. (d) Selected data from (c) plotted versus period
thickness, dSL. Green left triangles represent κSL in the diffusive regime obtained by taking average values of thermal conductivities of films
with L > 216 nm for each data set dSL = 2, 12, and 24 nm and the two data points at L = 2,160 nm for dSL = 6 and 18 nm. The lines are
guides to the eye. (e) Thermal conductivity as a function of SL thickness, L, at three different temperatures (100 and 200 K compared to room
temperature). The trend at low temperatures is similar to that at room temperature suggesting that the mechanisms of heat transfer are dictated
by the sample geometry even though the characteristic length and the mean free path distribution of heat carriers are significantly altered.
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Mobile coherent interfaces: ferroelastic domain boundaries

• Strain and orientation 
changes across coherent 
interfaces are known to 
affect thermal conduction

• These two features both 
exist at ferroelastic
domain walls

• We would therefore 
anticipate that domain 
boundaries can scatter 
phonons



Coherent interfaces: ferroelastic domain boundaries

• Ferroelastic domain walls scatter phonons and influence 
thermal conductivity in thin films and at room temperature

• With proper experimental design, domain boundaries can 
move based on electric fields

associated with grain boundaries in silicon, strontium tita-
nate, and yttria-stabilized zirconia (YSZ).

We used substrate vicinality to prepare a set of epitaxial
BiFeO3 films with varying numbers of domain variants and
domain wall densities. Films were prepared using adsorption-
controlled reactive molecular-beam epitaxy (MBE) on (001)-
oriented non-vicinal (oriented within 60:5! of (001)), and
vicinal 4! miscut along [100], and vicinal 4! miscut along
[110] SrTiO3 substrates. Synthesis details can be found else-
where.24,25 All films were phase-pure by X-ray diffraction
and were of high crystalline quality with omega rocking
curve full width at half maximum values equivalent to the
underlying substrates (typically 0:01!).

Figure 1 presents domain orientation maps of the
4-domain (a) and 2-domain (b) variant specimens, deduced
from the PFM images (Fig. 1 in supporting information).40 In
almost every case, the domains share the same normal orienta-
tion, but the domain density and morphology is distinct for the
two specimens. As anticipated, there are far more domains, as
well as polarization directions, apparent for the 4-domain
film. Images from the 1-domain variant samples exhibited no
contrast, signifying a uniform, single polarization.

Focusing on the domain walls, the 4-variant case was
found to exhibit 19.90 lm of domain boundary per lm2 of
film area, compared with only 13.98 lm per lm2 of film for
the 2-variant specimen and no measured domain walls for
the single-variant specimen. Local polarization rotation
angles along every domain wall can additionally be mapped,
based on simple lookup tables, which consider the adjacent
domain orientations.26 As with our previous work on similar
specimens, all domain boundaries exhibited essentially
purely 71! rotations. Domain boundary types can similarly
be determined and visualized, including charged (head-to-

head, tail-to-tail) and neutral (head-to-tail and tail-to-head)
interfaces, as shown in Figs. 1(c) and 1(d) for 4-domain and
2-domain films, respectively. The ratio of charged to neutral
domain boundaries is 2.02:1 for the 4-domain variant and
1.05:1 for the 2-domain variant.

With this knowledge of the domain boundary statistics
within the films, we measured the thermal conductance of
the 30 nm thick BiFeO3 films with TDTR.23 Our assumptions
in this analysis are outlined in the supporting information.
The effective thermal conductivities of the BiFeO3 films
determined from our TDTR measurements are shown in
Fig. 2. We observe a clear trend in the effective thermal con-
ductivities of the BiFeO3 and the number of domain variants.
An increase in the number of domain variants and, subse-
quently, density of domain walls in the film leads to a
decrease in thermal conductivity. We ascribe this depend-
ency to phonons scattering in the domain boundaries and cre-
ating a temperature gradient across the individual domain
walls. More domain variants in the BiFeO3 lead to more do-
main boundaries as shown in Fig. 1 and therefore increased
phonon scattering and lower thermal conductivities. We note
that the domain boundaries are coherent, unlike grain boun-
daries, which are typically highly disordered and thereby
force phonon scattering through impurity-like mechanisms.
Charged domain walls may be important to the thermal
response, but additional experiments are necessary to isolate
this effect. We also point out that the thermal conductivities
of the BiFeO3 films are most likely affected by size effects
due to the thin film geometry; that is, phonon scattering at
the film boundaries of the BiFeO3 can cause a reduction in
the thermal conductivity of the films as compared to a
thicker or “bulk” sample.27–29 However, since all samples
are 30 nm, the finite size of the sample has the same effect in

FIG. 1. Ferroelectric domain orientation
maps for 4-domain (a) and 2-domain (b)
specimens, with corresponding images
of domain boundary types and charging
in (c) and (d) revealing the substantial
difference in domain wall density for
distinct polarization variants. The
200 nm scale bars in (a) and (b) apply to
all images for each specimen (columns).
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associated with grain boundaries in silicon, strontium tita-
nate, and yttria-stabilized zirconia (YSZ).

We used substrate vicinality to prepare a set of epitaxial
BiFeO3 films with varying numbers of domain variants and
domain wall densities. Films were prepared using adsorption-
controlled reactive molecular-beam epitaxy (MBE) on (001)-
oriented non-vicinal (oriented within 60:5! of (001)), and
vicinal 4! miscut along [100], and vicinal 4! miscut along
[110] SrTiO3 substrates. Synthesis details can be found else-
where.24,25 All films were phase-pure by X-ray diffraction
and were of high crystalline quality with omega rocking
curve full width at half maximum values equivalent to the
underlying substrates (typically 0:01!).

Figure 1 presents domain orientation maps of the
4-domain (a) and 2-domain (b) variant specimens, deduced
from the PFM images (Fig. 1 in supporting information).40 In
almost every case, the domains share the same normal orienta-
tion, but the domain density and morphology is distinct for the
two specimens. As anticipated, there are far more domains, as
well as polarization directions, apparent for the 4-domain
film. Images from the 1-domain variant samples exhibited no
contrast, signifying a uniform, single polarization.

Focusing on the domain walls, the 4-variant case was
found to exhibit 19.90 lm of domain boundary per lm2 of
film area, compared with only 13.98 lm per lm2 of film for
the 2-variant specimen and no measured domain walls for
the single-variant specimen. Local polarization rotation
angles along every domain wall can additionally be mapped,
based on simple lookup tables, which consider the adjacent
domain orientations.26 As with our previous work on similar
specimens, all domain boundaries exhibited essentially
purely 71! rotations. Domain boundary types can similarly
be determined and visualized, including charged (head-to-

head, tail-to-tail) and neutral (head-to-tail and tail-to-head)
interfaces, as shown in Figs. 1(c) and 1(d) for 4-domain and
2-domain films, respectively. The ratio of charged to neutral
domain boundaries is 2.02:1 for the 4-domain variant and
1.05:1 for the 2-domain variant.

With this knowledge of the domain boundary statistics
within the films, we measured the thermal conductance of
the 30 nm thick BiFeO3 films with TDTR.23 Our assumptions
in this analysis are outlined in the supporting information.
The effective thermal conductivities of the BiFeO3 films
determined from our TDTR measurements are shown in
Fig. 2. We observe a clear trend in the effective thermal con-
ductivities of the BiFeO3 and the number of domain variants.
An increase in the number of domain variants and, subse-
quently, density of domain walls in the film leads to a
decrease in thermal conductivity. We ascribe this depend-
ency to phonons scattering in the domain boundaries and cre-
ating a temperature gradient across the individual domain
walls. More domain variants in the BiFeO3 lead to more do-
main boundaries as shown in Fig. 1 and therefore increased
phonon scattering and lower thermal conductivities. We note
that the domain boundaries are coherent, unlike grain boun-
daries, which are typically highly disordered and thereby
force phonon scattering through impurity-like mechanisms.
Charged domain walls may be important to the thermal
response, but additional experiments are necessary to isolate
this effect. We also point out that the thermal conductivities
of the BiFeO3 films are most likely affected by size effects
due to the thin film geometry; that is, phonon scattering at
the film boundaries of the BiFeO3 can cause a reduction in
the thermal conductivity of the films as compared to a
thicker or “bulk” sample.27–29 However, since all samples
are 30 nm, the finite size of the sample has the same effect in

FIG. 1. Ferroelectric domain orientation
maps for 4-domain (a) and 2-domain (b)
specimens, with corresponding images
of domain boundary types and charging
in (c) and (d) revealing the substantial
difference in domain wall density for
distinct polarization variants. The
200 nm scale bars in (a) and (b) apply to
all images for each specimen (columns).
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controlled reactive molecular-beam epitaxy (MBE) on (001)-
oriented non-vicinal (oriented within 60:5! of (001)), and
vicinal 4! miscut along [100], and vicinal 4! miscut along
[110] SrTiO3 substrates. Synthesis details can be found else-
where.24,25 All films were phase-pure by X-ray diffraction
and were of high crystalline quality with omega rocking
curve full width at half maximum values equivalent to the
underlying substrates (typically 0:01!).
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4-domain (a) and 2-domain (b) variant specimens, deduced
from the PFM images (Fig. 1 in supporting information).40 In
almost every case, the domains share the same normal orienta-
tion, but the domain density and morphology is distinct for the
two specimens. As anticipated, there are far more domains, as
well as polarization directions, apparent for the 4-domain
film. Images from the 1-domain variant samples exhibited no
contrast, signifying a uniform, single polarization.

Focusing on the domain walls, the 4-variant case was
found to exhibit 19.90 lm of domain boundary per lm2 of
film area, compared with only 13.98 lm per lm2 of film for
the 2-variant specimen and no measured domain walls for
the single-variant specimen. Local polarization rotation
angles along every domain wall can additionally be mapped,
based on simple lookup tables, which consider the adjacent
domain orientations.26 As with our previous work on similar
specimens, all domain boundaries exhibited essentially
purely 71! rotations. Domain boundary types can similarly
be determined and visualized, including charged (head-to-

head, tail-to-tail) and neutral (head-to-tail and tail-to-head)
interfaces, as shown in Figs. 1(c) and 1(d) for 4-domain and
2-domain films, respectively. The ratio of charged to neutral
domain boundaries is 2.02:1 for the 4-domain variant and
1.05:1 for the 2-domain variant.

With this knowledge of the domain boundary statistics
within the films, we measured the thermal conductance of
the 30 nm thick BiFeO3 films with TDTR.23 Our assumptions
in this analysis are outlined in the supporting information.
The effective thermal conductivities of the BiFeO3 films
determined from our TDTR measurements are shown in
Fig. 2. We observe a clear trend in the effective thermal con-
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An increase in the number of domain variants and, subse-
quently, density of domain walls in the film leads to a
decrease in thermal conductivity. We ascribe this depend-
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ating a temperature gradient across the individual domain
walls. More domain variants in the BiFeO3 lead to more do-
main boundaries as shown in Fig. 1 and therefore increased
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daries, which are typically highly disordered and thereby
force phonon scattering through impurity-like mechanisms.
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response, but additional experiments are necessary to isolate
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of the BiFeO3 films are most likely affected by size effects
due to the thin film geometry; that is, phonon scattering at
the film boundaries of the BiFeO3 can cause a reduction in
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thicker or “bulk” sample.27–29 However, since all samples
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underlying substrates (typically 0:01!).
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tion, but the domain density and morphology is distinct for the
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With this knowledge of the domain boundary statistics
within the films, we measured the thermal conductance of
the 30 nm thick BiFeO3 films with TDTR.23 Our assumptions
in this analysis are outlined in the supporting information.
The effective thermal conductivities of the BiFeO3 films
determined from our TDTR measurements are shown in
Fig. 2. We observe a clear trend in the effective thermal con-
ductivities of the BiFeO3 and the number of domain variants.
An increase in the number of domain variants and, subse-
quently, density of domain walls in the film leads to a
decrease in thermal conductivity. We ascribe this depend-
ency to phonons scattering in the domain boundaries and cre-
ating a temperature gradient across the individual domain
walls. More domain variants in the BiFeO3 lead to more do-
main boundaries as shown in Fig. 1 and therefore increased
phonon scattering and lower thermal conductivities. We note
that the domain boundaries are coherent, unlike grain boun-
daries, which are typically highly disordered and thereby
force phonon scattering through impurity-like mechanisms.
Charged domain walls may be important to the thermal
response, but additional experiments are necessary to isolate
this effect. We also point out that the thermal conductivities
of the BiFeO3 films are most likely affected by size effects
due to the thin film geometry; that is, phonon scattering at
the film boundaries of the BiFeO3 can cause a reduction in
the thermal conductivity of the films as compared to a
thicker or “bulk” sample.27–29 However, since all samples
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More evidence of ferroelectric domain boundaries in PZT

compositions (x), which were calculated as a ratiometric
mixture of the room temperature heat capacities of PbZrO3

and PbTiO3.27

For this study, we amplitude-modulate the pump beam
with an 8 MHz sinusoid and monitor the ratio of the in-phase
to an out-of-phase signal of the probe beam with a lock-in
amplifier. We fit the TDTR model to the data by varying the
thermal conductivity of the PZT films and the thermal
boundary conductance between the top metal film and the
PZT samples. While the 1=e thermal penetration depth of
our pump beam at 8 MHz is less than or approximately equal
to the PZT film thickness for all the compositions in this
study (approximately 135 nm for 0<x < 0.7, increasing to
approximately 180 nm at x¼ 1), our analysis suggests that
the TDTR data could be sensitive to thermal transport across
the platinized-silicon stack (100 nm Pt/40 nm ZnO/300 nm
SiO2/Bulk Si), upon which the PZT films are deposited.
Therefore, the platinized-silicon samples were also charac-
terized via TDTR to eliminate the number of unknowns in
the thermal model for the PZT thin films.

For performing these calibrations, platinized-silicon
samples both with and without the 300 nm SiO2 were fabri-
cated for TDTR measurements. For these samples, a two-
layer model of a platinum thin film on either SiO2 or Si was
employed, where the thermal boundary conductance between
the layers (h1) was fit to the TDTR data (heat capacity, ther-
mal conductivity, and thickness of the platinum top layer are
all known, as are the heat capacity and thermal conductivity
of SiO2 and Si). This two-layer approach was used in order
to lump the thermal conductivity of the 40 nm ZnO layer in
with the conductances across the Pt/ZnO and ZnO/SiO2 or
ZnO/Si interfaces into a single total conductance. At 8 MHz,
the buried 300 nm SiO2 layer can be considered “thermally
thick,” and it is, therefore, reasonable to consider it as a
semi-infinite bottom layer in the model.

In practice, the measurements made on the sample with
300 nm SiO2 were unable to provide a reliable value for h1

due to the competing sensitivity of the thermal data to the
properties of the SiO2. Alternatively, fitting the data for the
sample without the SiO2 provided much more accurate
results due to the fact that the sensitivity to h1 is increased
because of the two order of magnitude increase in the j of
the semi-infinite layer (1.4 W m"1 K"1 for SiO2, 145 W m"1

K"1 for Si). Fitting this data resulted in a lumped conduc-
tance of the 40 nm ZnO film, along with its adjacent bound-
ary conductances of hZnO¼ 96 MW m"2 K"1.

For fitting the PZT thin film data, a three-layer model is
used; layer 1 is the aluminum thin film, layer 2 is the PZT
thin film, and layer 3 is SiO2 (semi-infinite). Due to the large
conductances of the platinum and ZnO thin films
(hPt ¼ jPt=dPt¼ 41 W m–1 K"1/100 nm¼ 410 MW m"2 K"1;
hZnO¼ 96 MW m"2 K"1) compared to the effective conduc-
tance of the PZT thin films (hPZT ¼ jPZT=dPZT¼ 1.3 W m"1

K"1/300 nm¼ 4.33 MW m"2 K"1), it is reasonable to com-
bine hPt and hZnO into a single conductance for use in the
three-layer model between the PZT and SiO2 layers
(h2¼ 77.8 MW m"2 K"1) via h2 ¼ ðhPt þ hZnOÞ"1. With h2

thoroughly characterized, the thermal conductivity of the

PZT thin films can be extracted from the TDTR data with
the three-layer model to a high degree of confidence.

III. RESULTS

Figure 3 shows the measured thermal conductivities of
the PZT thin films as a function of their solid solution com-
position fabricated with pyrolysis temperatures of 350 &C
(blue squares) and 400 &C (red circles). Starting with the
PbTiO3 thin film (x ¼ 1.00), we measure a thermal conduc-
tivity of 2.24 W m"1 K"1. This value is 55.7% lower than
the single crystal value of 5.06 W m"1 K"1 reported in Ref.
28, which we attribute to phonon scattering at the film and
grain boundaries in our samples. As the molar fraction of
PbZrO3 increases (x decreases), we observe a decrease in the
thermal conductivity compared to the PbTiO3 (x¼ 1.00)
end-member. Over the range 0.80<x < 1.00, the thermal
conductivity drops from 2.24 W m"1 K"1 to 1.40 W m"1

K"1, a reduction of 37.5%. Such a steep reduction in the
thermal conductivity of an initially stoichiometrically pure
material system with the addition of an additional species
has been shown to occur in several systems15,16 and is often
explained in the context of alloy/impurity phonon scattering.
In this case, the fraction of B-sites in the ABO3 perovskite
system populated with zirconium instead of titanium atoms
increases as x decreases and these zirconium atoms serve as
mass-impurity scattering sites for phonons. We do not
believe that this reduction between the x¼ 1.0 and x¼ 0.80
to be due to an increase in phonon scattering caused by phys-
ical boundaries because of the fact that the x¼ 0.80 sample
is thicker and has larger grains than the x¼ 1.0 sample.

Across the range for x < 0.80, the trend in thermal
conductivity remains largely flat with the exception of an
apparent discontinuity in the vicinity of the MPB (0.45 <x <
0.54). This discontinuity is present in both of the finer com-
position sets that were pyrolyzed at temperatures of 350 &C

FIG. 3. Thermal conductivity (j) of PZT thin films with various solid-
solution compositions, x, fabricated with pyrolysis temperatures of 350 &C
(blue squares) and 400 &C (red circles). The black dashed vertical lines
denote the locations of the phase boundaries from Fig. 1 at 20 &C. The blue
and red dashed vertical lines highlight the observed discontinuities in j
around the MPB for the 350 &C (fine-grained) and 400 &C (large-grained)
pyrolysis sample sets.
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Electrically switching thermal conductivity of PZT
Lead Zirconate Titanate, PZT = PbZrxTi1-xO3

• PZT bilayer can have highly mobile ferroelastic domain walls
• Prepared bilayer films via CSD on Pt/ZnO/SiO2/Si (J. Ihlefeld, UVA)
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ABSTRACT: Dynamic control of thermal transport in solid-
state systems is a transformative capability with the promise to
propel technologies including phononic logic, thermal manage-
ment, and energy harvesting. A solid-state solution to rapidly
manipulate phonons has escaped the scientific community. We
demonstrate active and reversible tuning of thermal conductivity
by manipulating the nanoscale ferroelastic domain structure of a
Pb(Zr0.3Ti0.7)O3 film with applied electric fields. With subsecond
response times, the room-temperature thermal conductivity was modulated by 11%.
KEYWORDS: Thermal conductivity, tunable, time domain thermoreflectance, ferroelectric, nano domain

Dynamically regulating phonon transport in solids enables
possibilities of thermal energy control, new computing

mechanisms utilizing phonons, and a novel means to control
phonon-coupled waves and particles such as polaritons and
polarons.1,2 Tuning phonon transport over a broad temperature
range in a single solid-state device provides the largest
technological and scientific impact. Prior to the present study,
however, a solid-state solution to rapidly manipulate phonons
has remained elusive. For example, solid-state thermal
rectification at room temperature has been demonstrated,3

but switching, gating, or dynamic tuning elements have escaped
the scientific community. While it is possible to alter thermal
conductivity through phase transitions,4,5 chemical composition
modification,6 and cryogenically applied magnetic or electric
fields,7−11 none of these prior demonstrations provide a
response that is sufficiently swift and facile for implementation
across a wide-ranging application landscape. For example, in
conventional ferroelectrics, mobile coherent interfaces, the
ferroelastic domain walls, will scatter heat-carrying phonons, an
effect that has previously been attributed to an acoustic
mismatch across the interface,10,12 but also likely has a
significant strain13 and accompanying decreased phonon
relaxation time contribution.14 Reconfiguring the domain
walls with an electric field will alter the thermal conductivity,
as was demonstrated in bulk, single crystalline barium titanate
where thermal conductivity values increased by a factor of 5
after application of an electric field.10 However, this effect was
only present up to the temperature where Umklapp scattering

became the dominant phonon scattering mechanism (∼30 K)
and heretofore was limited to cryogenic temperature regimes.
If properly engineered, mobile phonon scattering interfaces

would allow for tuning across much broader temperature
ranges. To actively and practically achieve this goal requires the
domain wall spacing to be comparable to or less than the
phonon mean free path. Phonon mean free paths are known to
be spectral and therefore have many wavelengths carrying
thermal energy15−18 but for a complex oxide it can be
anticipated that most of these heat-carrying modes have
lengths less than 100 nm at room temperature.19−22 Decreasing
domain wall spacing to this dimension requires scaling of the
ferroelectric crystal size to increase domain wall density and
decrease interface spacing to less than this dimension, which
can be achieved in a thin film embodiment. Recently, we
demonstrated that 30 nm thick epitaxial films of ferroelectric
BiFeO3 with differing densities of 71° domain walls showed
∼30% differences in thermal conductivity at temperatures up to
400 K, indicating domain wall phonon scattering effects may be
observed at noncryogenic temperatures.23 Reconfiguring the
nanoscale domain structure and domain wall density with an
applied field would allow the creation of a simple and integrable
thermal switch that could operate over a broad temperature
range. This requires a material system and embodiment where
the domain structure can be reconfigured. In this Letter, we
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domain wall spacing to this dimension requires scaling of the
ferroelectric crystal size to increase domain wall density and
decrease interface spacing to less than this dimension, which
can be achieved in a thin film embodiment. Recently, we
demonstrated that 30 nm thick epitaxial films of ferroelectric
BiFeO3 with differing densities of 71° domain walls showed
∼30% differences in thermal conductivity at temperatures up to
400 K, indicating domain wall phonon scattering effects may be
observed at noncryogenic temperatures.23 Reconfiguring the
nanoscale domain structure and domain wall density with an
applied field would allow the creation of a simple and integrable
thermal switch that could operate over a broad temperature
range. This requires a material system and embodiment where
the domain structure can be reconfigured. In this Letter, we
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state systems is a transformative capability with the promise to
propel technologies including phononic logic, thermal manage-
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Dynamically regulating phonon transport in solids enables
possibilities of thermal energy control, new computing

mechanisms utilizing phonons, and a novel means to control
phonon-coupled waves and particles such as polaritons and
polarons.1,2 Tuning phonon transport over a broad temperature
range in a single solid-state device provides the largest
technological and scientific impact. Prior to the present study,
however, a solid-state solution to rapidly manipulate phonons
has remained elusive. For example, solid-state thermal
rectification at room temperature has been demonstrated,3

but switching, gating, or dynamic tuning elements have escaped
the scientific community. While it is possible to alter thermal
conductivity through phase transitions,4,5 chemical composition
modification,6 and cryogenically applied magnetic or electric
fields,7−11 none of these prior demonstrations provide a
response that is sufficiently swift and facile for implementation
across a wide-ranging application landscape. For example, in
conventional ferroelectrics, mobile coherent interfaces, the
ferroelastic domain walls, will scatter heat-carrying phonons, an
effect that has previously been attributed to an acoustic
mismatch across the interface,10,12 but also likely has a
significant strain13 and accompanying decreased phonon
relaxation time contribution.14 Reconfiguring the domain
walls with an electric field will alter the thermal conductivity,
as was demonstrated in bulk, single crystalline barium titanate
where thermal conductivity values increased by a factor of 5
after application of an electric field.10 However, this effect was
only present up to the temperature where Umklapp scattering

became the dominant phonon scattering mechanism (∼30 K)
and heretofore was limited to cryogenic temperature regimes.
If properly engineered, mobile phonon scattering interfaces

would allow for tuning across much broader temperature
ranges. To actively and practically achieve this goal requires the
domain wall spacing to be comparable to or less than the
phonon mean free path. Phonon mean free paths are known to
be spectral and therefore have many wavelengths carrying
thermal energy15−18 but for a complex oxide it can be
anticipated that most of these heat-carrying modes have
lengths less than 100 nm at room temperature.19−22 Decreasing
domain wall spacing to this dimension requires scaling of the
ferroelectric crystal size to increase domain wall density and
decrease interface spacing to less than this dimension, which
can be achieved in a thin film embodiment. Recently, we
demonstrated that 30 nm thick epitaxial films of ferroelectric
BiFeO3 with differing densities of 71° domain walls showed
∼30% differences in thermal conductivity at temperatures up to
400 K, indicating domain wall phonon scattering effects may be
observed at noncryogenic temperatures.23 Reconfiguring the
nanoscale domain structure and domain wall density with an
applied field would allow the creation of a simple and integrable
thermal switch that could operate over a broad temperature
range. This requires a material system and embodiment where
the domain structure can be reconfigured. In this Letter, we
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Dynamically regulating phonon transport in solids enables
possibilities of thermal energy control, new computing

mechanisms utilizing phonons, and a novel means to control
phonon-coupled waves and particles such as polaritons and
polarons.1,2 Tuning phonon transport over a broad temperature
range in a single solid-state device provides the largest
technological and scientific impact. Prior to the present study,
however, a solid-state solution to rapidly manipulate phonons
has remained elusive. For example, solid-state thermal
rectification at room temperature has been demonstrated,3

but switching, gating, or dynamic tuning elements have escaped
the scientific community. While it is possible to alter thermal
conductivity through phase transitions,4,5 chemical composition
modification,6 and cryogenically applied magnetic or electric
fields,7−11 none of these prior demonstrations provide a
response that is sufficiently swift and facile for implementation
across a wide-ranging application landscape. For example, in
conventional ferroelectrics, mobile coherent interfaces, the
ferroelastic domain walls, will scatter heat-carrying phonons, an
effect that has previously been attributed to an acoustic
mismatch across the interface,10,12 but also likely has a
significant strain13 and accompanying decreased phonon
relaxation time contribution.14 Reconfiguring the domain
walls with an electric field will alter the thermal conductivity,
as was demonstrated in bulk, single crystalline barium titanate
where thermal conductivity values increased by a factor of 5
after application of an electric field.10 However, this effect was
only present up to the temperature where Umklapp scattering

became the dominant phonon scattering mechanism (∼30 K)
and heretofore was limited to cryogenic temperature regimes.
If properly engineered, mobile phonon scattering interfaces

would allow for tuning across much broader temperature
ranges. To actively and practically achieve this goal requires the
domain wall spacing to be comparable to or less than the
phonon mean free path. Phonon mean free paths are known to
be spectral and therefore have many wavelengths carrying
thermal energy15−18 but for a complex oxide it can be
anticipated that most of these heat-carrying modes have
lengths less than 100 nm at room temperature.19−22 Decreasing
domain wall spacing to this dimension requires scaling of the
ferroelectric crystal size to increase domain wall density and
decrease interface spacing to less than this dimension, which
can be achieved in a thin film embodiment. Recently, we
demonstrated that 30 nm thick epitaxial films of ferroelectric
BiFeO3 with differing densities of 71° domain walls showed
∼30% differences in thermal conductivity at temperatures up to
400 K, indicating domain wall phonon scattering effects may be
observed at noncryogenic temperatures.23 Reconfiguring the
nanoscale domain structure and domain wall density with an
applied field would allow the creation of a simple and integrable
thermal switch that could operate over a broad temperature
range. This requires a material system and embodiment where
the domain structure can be reconfigured. In this Letter, we
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orientation and phase assemblage was collected with a PANalytical
Empyrean instrument with Cu Kα radiation in a Bragg−Brentano
geometry.
The membrane stiffness measurements were performed via

nanoindentation using an Agilent Technologies DCM II instrument
and a method described elsewhere.37,38 A 50 μm radius spherical tip
was used to apply a point load, which in this case specifically refers to
the loading condition, in the center of the membrane. Calculation of
the contact radius between a sphere and flat elastic body reveals that
the contact radius grows to greater than 10 microns in less than 100
nm of displacement into the body, so the indenter is assumed to apply
an evenly distributed load to the outside edge of the etch hole, which
is approximated as a point load in the middle of the released
membrane. Several membranes were tested to obtain a baseline film
deflection in the unpoled state and examine the repeatability on
structures in the array. After confirmation of nearly identical
mechanical behavior between membranes in adjacent array lines,
voltage sweeps were performed up to 5 V in 2.5 V increments,
followed by 1 V increments up to 10 V on an untested membrane to
examine the effect of voltage on the stiffness of the membrane. The
stiffness of the membrane under an applied point load, P, assuming no
prestrain, is defined from Komaragiri et al. as39
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where w(0) is the center span deflection, a is the membrane radius, ν
is the average Poisson’s ratio, E is the average Young’s modulus, and h
is the thickness of the entire membrane. Using literature values,40−43

we calculate an average Poisson’s ratio of 0.31 and an average Young’s
modulus of 94 GPa by taking a thickness-weighted average of the
properties of each layer of the membrane. Using the above equation,
we then calculate a stiffness of 470 N/m for the membrane.
Synchrotron X-ray diffraction experiments were performed at the

Advanced Photon Source at Argonne National Laboratory, beamline
6ID-B. An X-ray beam on a sample footprint size of 5 μm width and
23 μm length and an energy of 16.2 keV were used to enable local
probing of the released diaphragm structures. The intensity of the 002
and 200 diffraction peaks was recorded as a function of applied dc
field using a Keithley 2410, and the PZT film was monitored using an
Agilent 4284 LCR meter. Data were obtained by aligning to the
maximum intensity of the PZT 002 and 200 positions and measuring
intensity, while the dc bias was varied by 0.25 V steps within a −10 to
10 V range. The diffraction intensity was recorded at each step. For all
locations, PZT c- and a-domain intensities were normalized to the
beam current and platinum 111 reflection reference to account for
changes in beam intensity over measurement time.

3. RESULTS AND DISCUSSION
Figure 1a,b shows plan-view and cross-sectional scanning
electron micrographs, respectively, of the PZT thin film. A
dense, columnar grain morphology is evident with lateral grain
sizes on the order of 100 nm and a film thickness of
approximately 600 nm. The as-prepared membrane structure is
shown in the plan-view electron microscopy image in Figure
1c. A row of the milled hole array lies outside of the platinum
top electrode. In this region, the size of the membrane
structure is evident by the slight deflection of the film surface
owing to strain relief. The width of the deflected area, and
therefore the diameter of the membranes, is approximately 84
μm. Figure 1d shows an X-ray diffraction pattern of the film.
Only peaks associated with the PZT film and materials in the
substrate stack are observed, indicating phase purity. The
greater intensity of the 100 peak compared to that of 101/110
and 111 peaks indicates that the PbTiO3 seed layer aided in
enhancing the (100)/(001) crystallographic orientation.
Figure 2a shows the measured thermal conductivity of the

suspended PZT membrane (closed data points) under applied
electric fields. Several separate sweeps, where the magnitude of
the applied dc field was varied, are presented in the order of
the sequence in which they were conducted. Starting with the
general trends between the measurement sequences, it is
observed that the thermal conductivity remains unchanged for
electric fields 0 ≤ E < 100 kV/cm with values of ∼1.42 W/m
K, increases abruptly at around 100 kV/cm, and maintains a
higher value of thermal conductivity of ∼1.61 W/m K for fields
≥100 kV/cm. At the onset of the thermal conductivity change
(100 kV/cm), this previously unpoled structure exhibited
noticeable instability over the time scale of the TDTR scans
(three scans, 2−3 min each), indicating that a dynamic process
was taking place within the device. The large error bars for the
100 kV/cm data point are indicative of this instability. The
change in thermal conductivity between the low-field (<100
kV/cm) and high-field (>100 kV/cm) conditions is an
approximate 13% increase. Following the first exposure to
high fields (released measurement #1), the bias was removed
and the thermal conductivity returned to a value of 1.45 ± 0.01
W/m K, which is similar to, but slightly higher than, the
previously unpoled value of 1.42 ± 0.03 W/m K, suggesting a
reversibility of the thermal conduction properties. The
reversibility is likely due to the restoring forces associated

Figure 2. (a) Room-temperature thermal conductivity of PZT in the membrane device (closed symbols) and in the clamped region (open
symbols) as a function of applied dc field. (b) Room-temperature thermal conductivity of PZT in the membrane device as a function of time as a dc
voltage is modulated across the structure.
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ABSTRACT: Ferroelastic domain walls in ferroelectric
materials possess two properties that are known to affect
phonon transport: a change in crystallographic orientation
and a lattice strain. Changing populations and spacing of
nanoscale-spaced ferroelastic domain walls lead to the
manipulation of phonon-scattering rates, enabling the control
of thermal conduction at ambient temperatures. In the present
work, lead zirconate titanate (PZT) thin-film membrane
structures were fabricated to reduce mechanical clamping to
the substrate and enable a subsequent increase in the ferroelastic domain wall mobility. Under application of an electric field,
the thermal conductivity of PZT increases abruptly at ∼ 100 kV/cm by ∼ 13% owing to a reduction in the number of phonon-
scattering domain walls in the thermal conduction path. The thermal conductivity modulation is rapid, repeatable, and discrete,
resulting in a bistable state or a “digital” modulation scheme. The modulation of thermal conductivity due to changes in domain
wall configuration is supported by polarization-field, mechanical stiffness, and in situ microdiffraction experiments. This work
opens a path toward a new means to control phonons and phonon-mediated energy in a digital manner at room temperature
using only an electric field.
KEYWORDS: phonons, domains, tunable, ferroelectric, time-domain thermoreflectance, nanodomain

1. INTRODUCTION
Deterministic control of phonon transport in the solid state
represents a new paradigm of energy regulation. If such control
could be realized, it would not only enable active thermal
energy regulation but could also impact electronic and optical
energies by controlling phonon-coupled particles and waves,
such as polarons and polaritons. Further, one could realize
technologies where phonons are the energy form being
manipulated, thus enabling a relatively new field of phononics.
Although multiform energy control and phononics may enable
technologies of the future, immediate impacts could be realized
by an ability to regulate the primary signature of phonons:
thermal transport. For example, minimizing thermal transport
is necessary to achieve high-value thermoelectric responses for
both cooling and energy harvesting;1 maximizing heat
transport in semiconductor-based electronic devices is
necessary to maintain device efficiency and prevent degrada-
tion;2 and maintaining thermal isolation is required for infrared
sensors and detectors to minimize cross talk and maximize
signal-to-noise ratios,3 among many other applications. Most

means to control phonon and, subsequently, thermal transport
are passive in nature: a material’s thermal conductivity is fixed
at a particular temperature, and temperature gradients are
utilized to modulate the heat flux. The ability to alter a
material’s thermal conductivity on demand would permit the
development of thermal switches or regulators with a new
degree of control. For example, much in the same way that
field effects can be used to alter electronic conduction through
a semiconductor, a material with actively tunable thermal
conductivity could be used to modulate thermal transport. To
date, however, the means to realize such control over phonons
and thermal energy are extremely limited.
In solid-state materials, abrupt thermal conductivity changes

are most commonly observed by passing through phase
transitions where the phases on each side of the transition have
differing thermal responses. Large differences in thermal
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Can we push the SOA 
with bio-inspired 

materials?



Heat transfer and thermal conductivity in polymers

Strain, chain alignment and crystallinity lead to large 
changes in polymer thermal conductivity (static)

ACS Nano 7, 7592

Polyethylene predicted to 
vary thermal conductivity by 

a factor of 12

Increased inter- and intramolecular 
bonding has been shown to create 

polymers with ~10x higher κ
than conventional polymers

Science Advances 4, eaar3031
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Squid ring teeth proteins – Prof. Melik Demirel (Penn State)

• Can we tune the thermal conductivity buy changing 
the molecular structure? (static)

• Can we dynamically control the thermal conductivity 
with hydration? (dynamic thermal conductivity switch)

Nature Nanotechnology 13, 959 (2018)
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k ambient
• No dependence on n
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• Disorder dominates

k hydrated
• Linear dependent on 1/n
• Up to 4X increase in k

compared to ambient
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crystalline phases. Thus, actively, rapidly and reversibly modulating 
degree of order in a soft material could in principle lead to these 
large changes in thermal conduction using these same concepts.

Squid ring teeth proteins
We have identified a class of tandem-repeat (TR) protein that enables 
rapid and reversible changes in the dynamics of the protein chains 
via hydration. Our protein design is based on TR synthetic poly-
peptides inspired by natural cephalopod proteins. Squid proteins 
have inspired the development of diverse technologies including 
camouflage coatings14, self-healing materials15, soft actuators16 and 
renewable bioplastics17. In particular, SRT proteins are high-strength 
biopolymers that are stabilized by a hydrogen-bonding network, and 
can be extracted from the suction cups of squids, or can be syntheti-
cally produced via recombinant expression in bacteria18. We created 
a DNA assembly strategy that enables production of biomimetic 
SRT genes with variable length from a repetitive building block in 
a single cloning step, by using modified rolling-circle amplifica-
tion, a known molecular biology technique19. We thus developed a 
library of TR sequences with a precisely controlled size distribution  
(TR-n4, TR-n7, TR-n11 and TR-n25, where n denotes the building 
block repeat number). Our SRT-inspired building block is based on 
the PAAASVSTVHHP crystal-forming polypeptide sequence and 
the YGYGGLYGGLYGGLGY amorphous polypeptide sequence, pro-
ducing a self-assembled hydrogen-bonded network with crystalline 
physical crosslinks and amorphous disordered segments (Fig. 1b).

Thermal conductivity of SRT proteins
As these proteinaceous materials can simply be solvent-cast 
to planar geometries, transient thermoreflectance techniques 
are ideal for measurement of the protein’s thermal proper-
ties. Hence, we used time-domain thermoreflectance (TDTR) 
to measure the thermal conductivity of these protein films. 
The sample geometry from our TDTR measurements of these 
TR samples is shown in Fig. 1a (see Supplementary Fig. 1 for 
photographic images of the experimental set-up), with a two-
dimensional cartoon view of the protein’s structure, as deter-
mined by X-ray diffraction and Fourier-transform infrared 
spectroscopy (FTIR) studies described in previous work19 (Fig. 
1b; see Supplementary Figs. 8 and 9 for FTIR data). The mea-
sured thermal conductivity of the TR films is plotted in Fig. 1c.  
As expected, under ambient conditions (< 35% relative humid-
ity; see Supplementary Information for details), the thermal 
conductivity of these proteinaceous films does not depend on 
repeat units or molecular weight and demonstrates similar ther-
mal conductivities to disordered polymers and water-insoluble 
proteins20–23. The physics of the vibrational thermal conductiv-
ity of disordered soft materials, such as polymers or TR films, 
under ambient conditions has been studied for quite some time 
and is well understood to be driven by a random walk of vibra-
tional energy interacting at length scales on the order of the 
interatomic spacings, akin to Einstein’s original picture of vibra-
tional heat transport and the so-called minimum limit to thermal 
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Fig. 1 | Structure and thermal conductivity of TR protein-based materials. a, Schematic of the TDTR measurements: the pump and probe beams pass 
through the transparent glass substrate and interact with an 80!nm Al transducer, and thermal diffusion from the Al film into the overlying TR film allows 
for thermal conductivity measurements of the proteinaceous material. Blue and yellow lines are indicative of the β -sheets and amorphous tie-chains 
that compose the film. b, Two-dimensional cartoon view of TR proteins, composed of crystalline (blue) and amorphous (yellow) strands. c, Measured 
thermal conductivity as a function of reciprocal repeat units for the four TR protein films. Under ambient conditions (open red squares) there is no material 
dependence. On hydration (filled blue circles), a linear increase with increasing n is seen. Error bars are calculated from the uncertainty analysis outlined in 
Supplementary Figs. 3 and 4 and represent 1!s.d.
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 conductivity24,25. In terms of the TR films in this ambient state, 
this finding suggests that the thermal  conductivity is limited by 
the amorphous regions, and any potential benefit of higher ther-
mal conductivity in the nanocrystalline β -sheet ordered regions 
is lost from scattering in the amorphous domains. When these TR 
films are hydrated, the thermal conductivity not only increases 
compared to the ambient state, but a nearly linear dependency on 
1/n also emerges, as shown in Fig. 1c and Supplementary Fig. 5. 
In the TR sample with the highest number of repeat units n (or 
low 1/n), we observe a nearly factor of 4 increase in thermal con-
ductivity. The increase in thermal conductivity suggests that the 
amorphous chain conformation and overall network morphol-
ogy, which are dependent on tandem repetition12,26, impact the 
overall thermal conductivity.

The role of the amorphous domains in thermal conductivity is 
elucidated via measurements of the shear modulus G, using oscil-
latory rheology and dynamic mechanical analysis. As shown in 
Fig. 2a, the modulus of polypeptides under ambient conditions 
is constant at an average G =  241 ±  13 MPa, which agrees with 
previous reports18,19,27 on the mechanical properties of SRT. This 
ambient modulus is independent of tandem repetition n, suggest-
ing that the amorphous chains are heavily constrained by hydro-
gen bonding and weak interactions, and the chains are in a glassy 
state. On the other hand, hydrated TR proteins exhibit a modulus 
G ranging from 1.5 to 4 MPa with a linear dependence on recipro-
cal repeat units 1/n.

In proteinaceous materials, the modulus is directly related to the 
network morphology. This network is composed of β -sheets, which 
act as physical crosslinks, and amorphous segments, which are the 
network strands. The effective strand density (or tie-chain density) 
εeff was calculated from structural characterization, mechanical 
analysis and entropic elasticity theory28–30. Based on entropic elastic-
ity theory31, the tie-chain density is given by εeff =  1 −   (βc/n), where 
βc is the β -sheet crystallite size (~4 β -strands for TR proteins), and n 
is the number of repeats in the polypeptide chain (n ≈   Mw/3.46 kDa 
for the TR proteins, where Mw is the molecular weight of the pro-
teins). The tie-chain density varies between zero (highly defective, 
βc =  n) and unity (perfect network, n →  ∞ ). The dependence on n 
indicates an increase in tie-chain density with tandem repetition 
and a decrease in defective chain conformations such as loops and 
dangling ends. Given the thermal conductivity of materials is gener-
ally related to their stiffness, where stiffer materials generally exhibit 
higher thermal conductivities than softer materials, the increase 
in thermal conductivity with tie-chain density is consistent with 
κ ~ ϵeff  in hydrated polypeptides, as shown in Fig. 2b.

Quasi-elastic neutron scattering
However, a seemingly puzzling aspect of this aforementioned con-
clusion regarding the dependence of ∆ κ on 1/n and modulus is that 
the magnitude of the modulus of the TR samples decreases when 
hydrated as compared to its state under ambient conditions, which 
is not consistent with the observed increase in κ when hydrated. Our 
aforementioned posit was that the increase in κ with hydration was 
due to an increased contribution of the chain transport dynamics 
to the overall thermal conductivity. To investigate these vibrational 
dynamics, we turned to elastic and quasi-elastic neutron scattering 
(QENS). QENS can measure molecular dynamic processes such as 
rotations, relaxations and diffusive motions with 1–30 Å and pico- 
to nanosecond resolution by directly probing the self-diffusion of 
hydrogen atoms32. The hydrated chain dynamics were measured 
using deuterated water (D2O), as deuterium has a negligible neutron 
scattering cross-section and therefore it does not contribute to the 
signal. The mean square displacement (MSD) of hydrogen atoms 
in the protein (shown in Fig. 3a) was calculated from the scattering 
intensity in fixed window elastic scans, as a function of tempera-
ture, using the Debye–Waller factor (which is a standard Gaussian 
approximation method)33.

TR polypeptides under ambient conditions show very localized 
motions at T >  70 K, which is common for proteins and typically 
originates from methyl group rotations34, and exhibit a glass transi-
tion around 450 K. Therefore, neutron spectroscopy does not show 
any segmental or backbone motion at room temperature (300 K). 
Thus, the disordered chains are constrained in a dense hydrogen-
bonding network with minimal vibrational freedom. Conversely, in 
the hydrated state, the MSD of the hydrogen atoms increases and 
we observe much larger vibrational amplitudes, as well as a decrease 
in the glass transition temperature (250 K)35. In this case, the water 
molecules break the hydrogen bonding between the disordered 
chains, allowing for more delocalization of the hydrogen motion. 
Protein chain dynamics were further investigated by quasi-elastic 
measurements. Figure 3b shows the full-width at half-maximum, 
Γ(Q), of the quasi-elastic peaks of ambient and D2O-hydrated TR-n4 
and TR-n11 proteins, plotted as function of Q2. Under ambient con-
ditions (< 1% relative humidity during our QENS measurements), 
TR proteins show a Q-independent behaviour (15 µ eV) charac-
teristic of localized motions (that is, methyl group rotations34).  
On the other hand, D2O-hydrated TR proteins show a Q-independent 
plateau at low Q values (0.15 meV), while a linear scaling with Q2 
is observed at higher Q. This two-regime Q dependence is char-
acteristic of diffusion in a confined space and can be described by 
the Volino and Dianoux (VD) model for bounded diffusion in a 
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crystalline phases. Thus, actively, rapidly and reversibly modulating 
degree of order in a soft material could in principle lead to these 
large changes in thermal conduction using these same concepts.

Squid ring teeth proteins
We have identified a class of tandem-repeat (TR) protein that enables 
rapid and reversible changes in the dynamics of the protein chains 
via hydration. Our protein design is based on TR synthetic poly-
peptides inspired by natural cephalopod proteins. Squid proteins 
have inspired the development of diverse technologies including 
camouflage coatings14, self-healing materials15, soft actuators16 and 
renewable bioplastics17. In particular, SRT proteins are high-strength 
biopolymers that are stabilized by a hydrogen-bonding network, and 
can be extracted from the suction cups of squids, or can be syntheti-
cally produced via recombinant expression in bacteria18. We created 
a DNA assembly strategy that enables production of biomimetic 
SRT genes with variable length from a repetitive building block in 
a single cloning step, by using modified rolling-circle amplifica-
tion, a known molecular biology technique19. We thus developed a 
library of TR sequences with a precisely controlled size distribution  
(TR-n4, TR-n7, TR-n11 and TR-n25, where n denotes the building 
block repeat number). Our SRT-inspired building block is based on 
the PAAASVSTVHHP crystal-forming polypeptide sequence and 
the YGYGGLYGGLYGGLGY amorphous polypeptide sequence, pro-
ducing a self-assembled hydrogen-bonded network with crystalline 
physical crosslinks and amorphous disordered segments (Fig. 1b).

Thermal conductivity of SRT proteins
As these proteinaceous materials can simply be solvent-cast 
to planar geometries, transient thermoreflectance techniques 
are ideal for measurement of the protein’s thermal proper-
ties. Hence, we used time-domain thermoreflectance (TDTR) 
to measure the thermal conductivity of these protein films. 
The sample geometry from our TDTR measurements of these 
TR samples is shown in Fig. 1a (see Supplementary Fig. 1 for 
photographic images of the experimental set-up), with a two-
dimensional cartoon view of the protein’s structure, as deter-
mined by X-ray diffraction and Fourier-transform infrared 
spectroscopy (FTIR) studies described in previous work19 (Fig. 
1b; see Supplementary Figs. 8 and 9 for FTIR data). The mea-
sured thermal conductivity of the TR films is plotted in Fig. 1c.  
As expected, under ambient conditions (< 35% relative humid-
ity; see Supplementary Information for details), the thermal 
conductivity of these proteinaceous films does not depend on 
repeat units or molecular weight and demonstrates similar ther-
mal conductivities to disordered polymers and water-insoluble 
proteins20–23. The physics of the vibrational thermal conductiv-
ity of disordered soft materials, such as polymers or TR films, 
under ambient conditions has been studied for quite some time 
and is well understood to be driven by a random walk of vibra-
tional energy interacting at length scales on the order of the 
interatomic spacings, akin to Einstein’s original picture of vibra-
tional heat transport and the so-called minimum limit to thermal 

0.00 0.05 0.10 0.15 0.20 0.25
0.0

0.5

1.0

1.5
n = ∞

c
n = 4n = 7n = 11

Ambient
Hydrated

T
he

rm
al

 c
on

du
ct

iv
ity

 κ 
(W

 m
–1

 K
–1

)

Reciprocal repeat unit, 1/n

n = 25

2.5 nm

Crystalline
Amorphous

Loops

Tie-chains

β-sheet crystallite

Tandem repeat unit ‘n’

Amorphous
(disordered)

Crystalline
(β-sheet)

( )n

Squid-inspired tandem repeat (TR) proteins

a
Biopolymer film

Metal transducer

SiO2 Substrate

b
2 nm

3 nm

D
angling ends

Fig. 1 | Structure and thermal conductivity of TR protein-based materials. a, Schematic of the TDTR measurements: the pump and probe beams pass 
through the transparent glass substrate and interact with an 80!nm Al transducer, and thermal diffusion from the Al film into the overlying TR film allows 
for thermal conductivity measurements of the proteinaceous material. Blue and yellow lines are indicative of the β -sheets and amorphous tie-chains 
that compose the film. b, Two-dimensional cartoon view of TR proteins, composed of crystalline (blue) and amorphous (yellow) strands. c, Measured 
thermal conductivity as a function of reciprocal repeat units for the four TR protein films. Under ambient conditions (open red squares) there is no material 
dependence. On hydration (filled blue circles), a linear increase with increasing n is seen. Error bars are calculated from the uncertainty analysis outlined in 
Supplementary Figs. 3 and 4 and represent 1!s.d.

NATURE NANOTECHNOLOGY | VOL 13 | OCTOBER 2018 | 959–964 | www.nature.com/naturenanotechnology960



Results – Neutron scattering (NIST)

Nature Nanotechnology 13, 959 (2018)

k ~ MSD
• QENS in ambient and 

hydrated environments
• Hydration increases mean 

square displacement of 
hydrogen atoms in network

ARTICLES NATURE NANOTECHNOLOGY

crystalline phases. Thus, actively, rapidly and reversibly modulating 
degree of order in a soft material could in principle lead to these 
large changes in thermal conduction using these same concepts.

Squid ring teeth proteins
We have identified a class of tandem-repeat (TR) protein that enables 
rapid and reversible changes in the dynamics of the protein chains 
via hydration. Our protein design is based on TR synthetic poly-
peptides inspired by natural cephalopod proteins. Squid proteins 
have inspired the development of diverse technologies including 
camouflage coatings14, self-healing materials15, soft actuators16 and 
renewable bioplastics17. In particular, SRT proteins are high-strength 
biopolymers that are stabilized by a hydrogen-bonding network, and 
can be extracted from the suction cups of squids, or can be syntheti-
cally produced via recombinant expression in bacteria18. We created 
a DNA assembly strategy that enables production of biomimetic 
SRT genes with variable length from a repetitive building block in 
a single cloning step, by using modified rolling-circle amplifica-
tion, a known molecular biology technique19. We thus developed a 
library of TR sequences with a precisely controlled size distribution  
(TR-n4, TR-n7, TR-n11 and TR-n25, where n denotes the building 
block repeat number). Our SRT-inspired building block is based on 
the PAAASVSTVHHP crystal-forming polypeptide sequence and 
the YGYGGLYGGLYGGLGY amorphous polypeptide sequence, pro-
ducing a self-assembled hydrogen-bonded network with crystalline 
physical crosslinks and amorphous disordered segments (Fig. 1b).

Thermal conductivity of SRT proteins
As these proteinaceous materials can simply be solvent-cast 
to planar geometries, transient thermoreflectance techniques 
are ideal for measurement of the protein’s thermal proper-
ties. Hence, we used time-domain thermoreflectance (TDTR) 
to measure the thermal conductivity of these protein films. 
The sample geometry from our TDTR measurements of these 
TR samples is shown in Fig. 1a (see Supplementary Fig. 1 for 
photographic images of the experimental set-up), with a two-
dimensional cartoon view of the protein’s structure, as deter-
mined by X-ray diffraction and Fourier-transform infrared 
spectroscopy (FTIR) studies described in previous work19 (Fig. 
1b; see Supplementary Figs. 8 and 9 for FTIR data). The mea-
sured thermal conductivity of the TR films is plotted in Fig. 1c.  
As expected, under ambient conditions (< 35% relative humid-
ity; see Supplementary Information for details), the thermal 
conductivity of these proteinaceous films does not depend on 
repeat units or molecular weight and demonstrates similar ther-
mal conductivities to disordered polymers and water-insoluble 
proteins20–23. The physics of the vibrational thermal conductiv-
ity of disordered soft materials, such as polymers or TR films, 
under ambient conditions has been studied for quite some time 
and is well understood to be driven by a random walk of vibra-
tional energy interacting at length scales on the order of the 
interatomic spacings, akin to Einstein’s original picture of vibra-
tional heat transport and the so-called minimum limit to thermal 
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for thermal conductivity measurements of the proteinaceous material. Blue and yellow lines are indicative of the β -sheets and amorphous tie-chains 
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dependence. On hydration (filled blue circles), a linear increase with increasing n is seen. Error bars are calculated from the uncertainty analysis outlined in 
Supplementary Figs. 3 and 4 and represent 1!s.d.

NATURE NANOTECHNOLOGY | VOL 13 | OCTOBER 2018 | 959–964 | www.nature.com/naturenanotechnology960



Mechanisms of thermal conductivity switching

Nature Nanotechnology 13, 959 (2018)

Thermal conductivity of disordered solids

Di↵uson /
X

C!D!
<latexit sha1_base64="F4fBWQXF6wdi5hNIYFaBTmCXcfI=">AAACJHicbVDLSgMxFM3Ud31VXboJFsFVmRFBwU1RFy4VrAqdUu6kmTY0L5KMUIb5GDf+ihsXPnDhxm8xrUW09UDgcM653NyTaM6sC8OPoDQzOze/sLhUXl5ZXVuvbGxeW5UZQhtEcWVuE7CUM0kbjjlOb7WhIBJOb5L+6dC/uaPGMiWv3EDTloCuZCkj4LzUrhzHfdAa2nkswPWMyM9YmmZWyaKItVHaqdhmAp/6gBK0CwU++6HtSjWshSPgaRKNSRWNcdGuvMYdRTJBpSMcrG1GoXatHIxjhNOiHGeWaiB96NKmpxIEta18dGSBd73Swaky/kmHR+rviRyEtQOR+OTwFDvpDcX/vGbm0qNWzqTOHJXke1GacewUHjaGO8xQ4vjAEyCG+b9i0gMDxPley76EaPLkaXK9X4vCWnR5UK2fjOtYRNtoB+2hCB2iOjpHF6iBCLpHj+gZvQQPwVPwFrx/R0vBeGYL/UHw+QXjgabE</latexit><latexit sha1_base64="F4fBWQXF6wdi5hNIYFaBTmCXcfI=">AAACJHicbVDLSgMxFM3Ud31VXboJFsFVmRFBwU1RFy4VrAqdUu6kmTY0L5KMUIb5GDf+ihsXPnDhxm8xrUW09UDgcM653NyTaM6sC8OPoDQzOze/sLhUXl5ZXVuvbGxeW5UZQhtEcWVuE7CUM0kbjjlOb7WhIBJOb5L+6dC/uaPGMiWv3EDTloCuZCkj4LzUrhzHfdAa2nkswPWMyM9YmmZWyaKItVHaqdhmAp/6gBK0CwU++6HtSjWshSPgaRKNSRWNcdGuvMYdRTJBpSMcrG1GoXatHIxjhNOiHGeWaiB96NKmpxIEta18dGSBd73Swaky/kmHR+rviRyEtQOR+OTwFDvpDcX/vGbm0qNWzqTOHJXke1GacewUHjaGO8xQ4vjAEyCG+b9i0gMDxPley76EaPLkaXK9X4vCWnR5UK2fjOtYRNtoB+2hCB2iOjpHF6iBCLpHj+gZvQQPwVPwFrx/R0vBeGYL/UHw+QXjgabE</latexit><latexit sha1_base64="F4fBWQXF6wdi5hNIYFaBTmCXcfI=">AAACJHicbVDLSgMxFM3Ud31VXboJFsFVmRFBwU1RFy4VrAqdUu6kmTY0L5KMUIb5GDf+ihsXPnDhxm8xrUW09UDgcM653NyTaM6sC8OPoDQzOze/sLhUXl5ZXVuvbGxeW5UZQhtEcWVuE7CUM0kbjjlOb7WhIBJOb5L+6dC/uaPGMiWv3EDTloCuZCkj4LzUrhzHfdAa2nkswPWMyM9YmmZWyaKItVHaqdhmAp/6gBK0CwU++6HtSjWshSPgaRKNSRWNcdGuvMYdRTJBpSMcrG1GoXatHIxjhNOiHGeWaiB96NKmpxIEta18dGSBd73Swaky/kmHR+rviRyEtQOR+OTwFDvpDcX/vGbm0qNWzqTOHJXke1GacewUHjaGO8xQ4vjAEyCG+b9i0gMDxPley76EaPLkaXK9X4vCWnR5UK2fjOtYRNtoB+2hCB2iOjpHF6iBCLpHj+gZvQQPwVPwFrx/R0vBeGYL/UHw+QXjgabE</latexit><latexit sha1_base64="F4fBWQXF6wdi5hNIYFaBTmCXcfI=">AAACJHicbVDLSgMxFM3Ud31VXboJFsFVmRFBwU1RFy4VrAqdUu6kmTY0L5KMUIb5GDf+ihsXPnDhxm8xrUW09UDgcM653NyTaM6sC8OPoDQzOze/sLhUXl5ZXVuvbGxeW5UZQhtEcWVuE7CUM0kbjjlOb7WhIBJOb5L+6dC/uaPGMiWv3EDTloCuZCkj4LzUrhzHfdAa2nkswPWMyM9YmmZWyaKItVHaqdhmAp/6gBK0CwU++6HtSjWshSPgaRKNSRWNcdGuvMYdRTJBpSMcrG1GoXatHIxjhNOiHGeWaiB96NKmpxIEta18dGSBd73Swaky/kmHR+rviRyEtQOR+OTwFDvpDcX/vGbm0qNWzqTOHJXke1GacewUHjaGO8xQ4vjAEyCG+b9i0gMDxPley76EaPLkaXK9X4vCWnR5UK2fjOtYRNtoB+2hCB2iOjpHF6iBCLpHj+gZvQQPwVPwFrx/R0vBeGYL/UHw+QXjgabE</latexit>

Thermal conductivity of 
crystalline/ordered solids

D! = ModeDi↵usivity
<latexit sha1_base64="R39aNsYqBB37jqE1/8wwI8QO6ic=">AAACF3icbVDLSgMxFM3UV62vUZduBovgQsqMCLoRinbhRqhgH9ApJZPeaUOTyZBkCmWYv3Djr7hxoYhb3fk3pg9BWw8ETs65l3vvCWJGlXbdLyu3tLyyupZfL2xsbm3v2Lt7dSUSSaBGBBOyGWAFjEZQ01QzaMYSMA8YNILB9dhvDEEqKqJ7PYqhzXEvoiElWBupY5cqndQXHHo4u/Q51n3J01vRhcw/+flWaBgmig6pHmUdu+iW3AmcReLNSBHNUO3Yn35XkIRDpAnDSrU8N9btFEtNCYOs4CcKYkwGuActQyPMQbXTyV2Zc2SUrhMKaV6knYn6uyPFXKkRD0zleFc1743F/7xWosOLdkqjONEQkemgMGGOFs44JKdLJRDNRoZgIqnZ1SF9LDHRJsqCCcGbP3mR1E9Lnlvy7s6K5atZHHl0gA7RMfLQOSqjG1RFNUTQA3pCL+jVerSerTfrfVqas2Y9++gPrI9v++ChEQ==</latexit><latexit sha1_base64="R39aNsYqBB37jqE1/8wwI8QO6ic=">AAACF3icbVDLSgMxFM3UV62vUZduBovgQsqMCLoRinbhRqhgH9ApJZPeaUOTyZBkCmWYv3Djr7hxoYhb3fk3pg9BWw8ETs65l3vvCWJGlXbdLyu3tLyyupZfL2xsbm3v2Lt7dSUSSaBGBBOyGWAFjEZQ01QzaMYSMA8YNILB9dhvDEEqKqJ7PYqhzXEvoiElWBupY5cqndQXHHo4u/Q51n3J01vRhcw/+flWaBgmig6pHmUdu+iW3AmcReLNSBHNUO3Yn35XkIRDpAnDSrU8N9btFEtNCYOs4CcKYkwGuActQyPMQbXTyV2Zc2SUrhMKaV6knYn6uyPFXKkRD0zleFc1743F/7xWosOLdkqjONEQkemgMGGOFs44JKdLJRDNRoZgIqnZ1SF9LDHRJsqCCcGbP3mR1E9Lnlvy7s6K5atZHHl0gA7RMfLQOSqjG1RFNUTQA3pCL+jVerSerTfrfVqas2Y9++gPrI9v++ChEQ==</latexit><latexit sha1_base64="R39aNsYqBB37jqE1/8wwI8QO6ic=">AAACF3icbVDLSgMxFM3UV62vUZduBovgQsqMCLoRinbhRqhgH9ApJZPeaUOTyZBkCmWYv3Djr7hxoYhb3fk3pg9BWw8ETs65l3vvCWJGlXbdLyu3tLyyupZfL2xsbm3v2Lt7dSUSSaBGBBOyGWAFjEZQ01QzaMYSMA8YNILB9dhvDEEqKqJ7PYqhzXEvoiElWBupY5cqndQXHHo4u/Q51n3J01vRhcw/+flWaBgmig6pHmUdu+iW3AmcReLNSBHNUO3Yn35XkIRDpAnDSrU8N9btFEtNCYOs4CcKYkwGuActQyPMQbXTyV2Zc2SUrhMKaV6knYn6uyPFXKkRD0zleFc1743F/7xWosOLdkqjONEQkemgMGGOFs44JKdLJRDNRoZgIqnZ1SF9LDHRJsqCCcGbP3mR1E9Lnlvy7s6K5atZHHl0gA7RMfLQOSqjG1RFNUTQA3pCL+jVerSerTfrfVqas2Y9++gPrI9v++ChEQ==</latexit><latexit sha1_base64="R39aNsYqBB37jqE1/8wwI8QO6ic=">AAACF3icbVDLSgMxFM3UV62vUZduBovgQsqMCLoRinbhRqhgH9ApJZPeaUOTyZBkCmWYv3Djr7hxoYhb3fk3pg9BWw8ETs65l3vvCWJGlXbdLyu3tLyyupZfL2xsbm3v2Lt7dSUSSaBGBBOyGWAFjEZQ01QzaMYSMA8YNILB9dhvDEEqKqJ7PYqhzXEvoiElWBupY5cqndQXHHo4u/Q51n3J01vRhcw/+flWaBgmig6pHmUdu+iW3AmcReLNSBHNUO3Yn35XkIRDpAnDSrU8N9btFEtNCYOs4CcKYkwGuActQyPMQbXTyV2Zc2SUrhMKaV6knYn6uyPFXKkRD0zleFc1743F/7xWosOLdkqjONEQkemgMGGOFs44JKdLJRDNRoZgIqnZ1SF9LDHRJsqCCcGbP3mR1E9Lnlvy7s6K5atZHHl0gA7RMfLQOSqjG1RFNUTQA3pCL+jVerSerTfrfVqas2Y9++gPrI9v++ChEQ==</latexit>

D! / MSD⇥G02
<latexit sha1_base64="8r0oGUWVrfUj3IRHmZsT9UEFkoA=">AAACEnicbVC7SgNBFJ2NrxhfUUubwSBqE3aDoGXQgDZCRPOA7LrMTibJkHksM7NCWPINNv6KjYUitlZ2/o2TR6GJBy4czr2Xe8+JYka1cd1vJ7OwuLS8kl3Nra1vbG7lt3fqWiYKkxqWTKpmhDRhVJCaoYaRZqwI4hEjjah/Meo3HojSVIo7M4hJwFFX0A7FyFgpzB9XwtSXnHTR0I+VjI2EPkemp3h6fVsZ+oZyouHl4X0pzBfcojsGnCfelBTAFNUw/+W3JU44EQYzpHXLc2MTpEgZihkZ5vxEkxjhPuqSlqUC2UtBOrY0hAdWacOOVLaEgWP190aKuNYDHtnJ0bt6tjcS/+u1EtM5C1Iq4sQQgSeHOgmD1vgoH9imimDDBpYgrKj9FeIeUggbm2LOhuDNWp4n9VLRc4vezUmhfD6NIwv2wD44Ah44BWVwBaqgBjB4BM/gFbw5T86L8+58TEYzznRnF/yB8/kDNGmdwg==</latexit><latexit sha1_base64="8r0oGUWVrfUj3IRHmZsT9UEFkoA=">AAACEnicbVC7SgNBFJ2NrxhfUUubwSBqE3aDoGXQgDZCRPOA7LrMTibJkHksM7NCWPINNv6KjYUitlZ2/o2TR6GJBy4czr2Xe8+JYka1cd1vJ7OwuLS8kl3Nra1vbG7lt3fqWiYKkxqWTKpmhDRhVJCaoYaRZqwI4hEjjah/Meo3HojSVIo7M4hJwFFX0A7FyFgpzB9XwtSXnHTR0I+VjI2EPkemp3h6fVsZ+oZyouHl4X0pzBfcojsGnCfelBTAFNUw/+W3JU44EQYzpHXLc2MTpEgZihkZ5vxEkxjhPuqSlqUC2UtBOrY0hAdWacOOVLaEgWP190aKuNYDHtnJ0bt6tjcS/+u1EtM5C1Iq4sQQgSeHOgmD1vgoH9imimDDBpYgrKj9FeIeUggbm2LOhuDNWp4n9VLRc4vezUmhfD6NIwv2wD44Ah44BWVwBaqgBjB4BM/gFbw5T86L8+58TEYzznRnF/yB8/kDNGmdwg==</latexit><latexit sha1_base64="8r0oGUWVrfUj3IRHmZsT9UEFkoA=">AAACEnicbVC7SgNBFJ2NrxhfUUubwSBqE3aDoGXQgDZCRPOA7LrMTibJkHksM7NCWPINNv6KjYUitlZ2/o2TR6GJBy4czr2Xe8+JYka1cd1vJ7OwuLS8kl3Nra1vbG7lt3fqWiYKkxqWTKpmhDRhVJCaoYaRZqwI4hEjjah/Meo3HojSVIo7M4hJwFFX0A7FyFgpzB9XwtSXnHTR0I+VjI2EPkemp3h6fVsZ+oZyouHl4X0pzBfcojsGnCfelBTAFNUw/+W3JU44EQYzpHXLc2MTpEgZihkZ5vxEkxjhPuqSlqUC2UtBOrY0hAdWacOOVLaEgWP190aKuNYDHtnJ0bt6tjcS/+u1EtM5C1Iq4sQQgSeHOgmD1vgoH9imimDDBpYgrKj9FeIeUggbm2LOhuDNWp4n9VLRc4vezUmhfD6NIwv2wD44Ah44BWVwBaqgBjB4BM/gFbw5T86L8+58TEYzznRnF/yB8/kDNGmdwg==</latexit><latexit sha1_base64="8r0oGUWVrfUj3IRHmZsT9UEFkoA=">AAACEnicbVC7SgNBFJ2NrxhfUUubwSBqE3aDoGXQgDZCRPOA7LrMTibJkHksM7NCWPINNv6KjYUitlZ2/o2TR6GJBy4czr2Xe8+JYka1cd1vJ7OwuLS8kl3Nra1vbG7lt3fqWiYKkxqWTKpmhDRhVJCaoYaRZqwI4hEjjah/Meo3HojSVIo7M4hJwFFX0A7FyFgpzB9XwtSXnHTR0I+VjI2EPkemp3h6fVsZ+oZyouHl4X0pzBfcojsGnCfelBTAFNUw/+W3JU44EQYzpHXLc2MTpEgZihkZ5vxEkxjhPuqSlqUC2UtBOrY0hAdWacOOVLaEgWP190aKuNYDHtnJ0bt6tjcS/+u1EtM5C1Iq4sQQgSeHOgmD1vgoH9imimDDBpYgrKj9FeIeUggbm2LOhuDNWp4n9VLRc4vezUmhfD6NIwv2wD44Ah44BWVwBaqgBjB4BM/gFbw5T86L8+58TEYzznRnF/yB8/kDNGmdwg==</latexit>



Mechanisms of thermal conductivity switching

Nature Nanotechnology 13, 959 (2018)

Thermal conductivity of disordered solids
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crystalline phases. Thus, actively, rapidly and reversibly modulating 
degree of order in a soft material could in principle lead to these 
large changes in thermal conduction using these same concepts.

Squid ring teeth proteins
We have identified a class of tandem-repeat (TR) protein that enables 
rapid and reversible changes in the dynamics of the protein chains 
via hydration. Our protein design is based on TR synthetic poly-
peptides inspired by natural cephalopod proteins. Squid proteins 
have inspired the development of diverse technologies including 
camouflage coatings14, self-healing materials15, soft actuators16 and 
renewable bioplastics17. In particular, SRT proteins are high-strength 
biopolymers that are stabilized by a hydrogen-bonding network, and 
can be extracted from the suction cups of squids, or can be syntheti-
cally produced via recombinant expression in bacteria18. We created 
a DNA assembly strategy that enables production of biomimetic 
SRT genes with variable length from a repetitive building block in 
a single cloning step, by using modified rolling-circle amplifica-
tion, a known molecular biology technique19. We thus developed a 
library of TR sequences with a precisely controlled size distribution  
(TR-n4, TR-n7, TR-n11 and TR-n25, where n denotes the building 
block repeat number). Our SRT-inspired building block is based on 
the PAAASVSTVHHP crystal-forming polypeptide sequence and 
the YGYGGLYGGLYGGLGY amorphous polypeptide sequence, pro-
ducing a self-assembled hydrogen-bonded network with crystalline 
physical crosslinks and amorphous disordered segments (Fig. 1b).

Thermal conductivity of SRT proteins
As these proteinaceous materials can simply be solvent-cast 
to planar geometries, transient thermoreflectance techniques 
are ideal for measurement of the protein’s thermal proper-
ties. Hence, we used time-domain thermoreflectance (TDTR) 
to measure the thermal conductivity of these protein films. 
The sample geometry from our TDTR measurements of these 
TR samples is shown in Fig. 1a (see Supplementary Fig. 1 for 
photographic images of the experimental set-up), with a two-
dimensional cartoon view of the protein’s structure, as deter-
mined by X-ray diffraction and Fourier-transform infrared 
spectroscopy (FTIR) studies described in previous work19 (Fig. 
1b; see Supplementary Figs. 8 and 9 for FTIR data). The mea-
sured thermal conductivity of the TR films is plotted in Fig. 1c.  
As expected, under ambient conditions (< 35% relative humid-
ity; see Supplementary Information for details), the thermal 
conductivity of these proteinaceous films does not depend on 
repeat units or molecular weight and demonstrates similar ther-
mal conductivities to disordered polymers and water-insoluble 
proteins20–23. The physics of the vibrational thermal conductiv-
ity of disordered soft materials, such as polymers or TR films, 
under ambient conditions has been studied for quite some time 
and is well understood to be driven by a random walk of vibra-
tional energy interacting at length scales on the order of the 
interatomic spacings, akin to Einstein’s original picture of vibra-
tional heat transport and the so-called minimum limit to thermal 
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Engineering defects can be used to statically and 
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Figure 3 | Structural and microstructural characterization of superlattice 
samples from both series. High-resolution, short angular-range q‑2q XRD 
scan of a, an (STO)6/(CTO)6 superlattice centred on the NGO 220 substrate 
peak and b, (STO)74/(BTO)1 superlattice peaks centred on the STO 002 
substrate peak. Both the superlattice peaks and the thickness fringes suggest 
the high degree of interface abruptness in the samples. c, A high-resolution 
reciprocal space map of the (STO)2/(CTO)2 superlattice centred on the NGO 
332 substrate peak. The map clearly shows that the superlattice film is 
coherently strained to the substrate. d, Surface topography of a 200 nm (STO)2/
(CTO)2 thick superlattice film on an STO 001 substrate. The image clearly 
shows the presence of smooth step edges with unit cell height. STEM images of 
e, (STO)2/(CTO)2  and f, STEM-EELS image (dimensions 35 nm X 3.6 nm) of a 
(STO)30/(BTO)1 superlattice revealing the presence of atomically sharp 
interfaces with minimal intermixing in the samples studied along with a 
schematic of the crystal structures on the right. Chemical formulas of the 
component materials of the superlattice are colour-coded to match the false-
colour of the STEM-EELS image on the left (Sr – orange, Ba – purple, Ti – 
green). 

(MC) simulations,34 which are supported by experimental
results.34,35 In addition, Ordonex-Miranda et al. showed that
the DEM model and the finite element method were consistent
with each other in their thermal conductivity study.36

Considering the results shown in Figs. 1(a) and 1(b)
together, the use of our modified DEM in our method for
phonon thermal conductivity predictions yields an easier,
more efficient, and more accurate way to calculate the lattice
thermal conductivity of both homo- and heterogeneous nano-
materials and nanocomposites as compared to previously
used approaches. Therefore, our proposed model can be used
to study phonon transport in nanocomposite systems going
beyond simple thermal conductivity predictions via calcula-
tions of phonon thermal conductivity accumulation as a
function of the mean free path.

In the remainder of this work, we extend the use of our
DEM approach to nanograined Si-Ge bulk systems. We fabri-
cate a silicon control sample and Si80Ge20 samples with vary-
ing grain sizes. Ingots of both compositions are prepared by
arc melting under an argon atmosphere. Ingots are pulverized
into 1–30 lm size powders. These micro powders are consoli-
dated using Spark Plasma Sintering (Thermal Technologies
SPS 10-4). To produce fully dense compacted disks with
relative large grain sizes, Si and Si80Ge20 samples are sintered
at 1280 !C and 1210 !C, respectively, for 4 min under 60 MPa.
As for the nanostructured systems Si80Ge20, micro-powders of
Si and Si80Ge20 are loaded into a 440C stainless steel vial and
two 0.500 and four 0.2500 stainless steel balls. This process is

performed in a glove box under an argon atmosphere. The vial
is then sealed and placed in a SPEX 8000D vibrational mixer.
The powders are ball milled for 40 h for the Si80Ge20 systems.
The ball milled powders are then compacted by SPS. We
determine the grain size of the disks by the cleaved cross sec-
tion analyzed under a SEM (Fig. 2). The grain sizes for the sili-
con control extend to as large as 30 lm, while the ranges of
grain sizes determined for the various Si80Ge20 samples are
listed in the caption of Fig. 2. We mechanically polish all sam-
ples after deposition to facilitate TDTR measurements, and the
resulting RMS roughnesses determined via mechanical profil-
ometry maps were 30 6 10 nm.

We conduct experimental measurements of the thermal
conductivity of these systems using TDTR with varying
pump modulation frequencies, which effectively varies the
heater length scale. This approach has been recently vetted
for studying accumulation effects on the thermal conductiv-
ity of alloys.37 The fabrication and characterization of the
various Si and Si80Ge20 samples and details of our TDTR
measurements, including the validity of the use of a diffusive
heat equation-based model for TDTR data analysis,37 are
included in the supplementary material.

We alter the modulation frequency of the pump beam dur-
ing our TDTR measurements from 1.49 MHz to 12.2 MHz.
The thermal penetration depth (Lz) was determined using the
solution to the radially symmetric heat diffusion equation
where the full spatial temperature profile was calculated.38 The
use of our relatively large pump and probe spot sizes allows
our TDTR measurements at the various frequencies to be
directly related to the thermal transport physics in the cross-
plane direction, therefore reducing measurement sensitivities
to in-plane non-diffusive thermal transport.37,39 Furthermore,
the use of Al as our thin film transducer will allow for direct
comparison of our measurements to previous reports of
Fourier failure in Si-Ge-based systems without the potential
for additional electron-phonon resistances in the metal film to
complicate our results and analyses.40

As discussed by several recent works,37,40–44 we relate
the changing thermal penetration depth with the varying fre-
quencies during TDTR experiments to changes in the net
heat flux. Thus, we modify our EMA modeling approach to
separate the thermal conductivity of the samples into a high
frequency mode component (diffusive) and a low frequency
mode component (quasi-ballistic). To determine the cut-off
MFP that separates these high and low frequency mode
regimes, a plausible way is to equate the MFP to the thermal
penetration depth, and then, this MFP is used to determine
the corresponding wavenumber q . As another approach, we
also use a compact heat conduction model based on the two-
fluid assumption (bridge function).44 In this model, we write
the net heat flux in the form of J ¼ jLF þ jHF, where jLF and
jHF are the low and high frequency mode contributions to the

FIG. 1. (a) Normalized thermal conductivity of silicon nanowires calculated
using the Holland model (solid black) and BvKS model (dashed, blue), both
of which were taken from the study by Yang and Dames,33 as compared to
our non-gray DEM (dotted red), and the experimental data from the study by
Li et al.32 (b) Lattice thermal conductivity jL of the Si/Ge nanocomposite
dependence on Si nanoparticles’s volume fraction at room temperature
(T ¼ 300 K), with an average grain size d ¼ 10 nm. Non-gray DEM simula-
tion with the grain size dispersion-standard deviation of 0:577d (dotted, red)
is compared with Jeng’s MC simulation (black diamonds),34 gray EMA
(black solid), and non-gray EMA (blue dashed).

FIG. 2. SEM micrographs of Si80Ge20 systems: (a) Si80Ge20 2.0 6 0.17 lm,
(d) Si80Ge20 110 6 21 nm, and (e) Si80Ge20 73 6 29 nm.

131902-3 Chen et al. Appl. Phys. Lett. 111, 131902 (2017)


